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Abstract:
Mechanical properties of aluminium alloys highly depend on their phase
composition and microstructure. High strength can be achieved among others by
introduction of a high volume fraction of fine, homogeneously distributed second
phase particles and by a refinement of the grain size. Powder metallurgy allows to
prepare fine grained materials with increased solid solubility which are favourable
precursors for further precipitation strengthening. Gas atomization was used for the
preparation of powders of the commercial Al7075 alloy and its modification
containing 1 wt% Zr. A part of gas atomized powders was mechanically milled at
different conditions. Mechanical milling reduced the grain size down to the nano-size
range and the corresponding microhardness exceeded the value of 300 HV. Powders
were consolidated by the spark plasma sintering method to nearly fully dense
compacts. Due to a short time and relatively low temperature of sintering the
favourable microstructure can be preserved in the bulk material. The grain size of
compacts prepared from milled powder was retained in the submicrocrystalline range
and the microhardness close to 200 HV exceeded that of the specially heat treated ingot
metallurgical counterparts. The prepared compacts retained their fine grained structure
and high microhardness during their exposition to the temperature of 425 °C.
Keywords: aluminium alloys, powder metallurgy, gas atomization,
mechanical milling, spark plasma sintering
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Introduction
The growth of natural resource’s scarcity presents an endlessly increasing
problem in our continuously developing world industry. The difficulty made by
limited resources should be faced and the material and energy efficiency have to be
improved. A reduction in environmental impact can be managed using recyclable
materials and reducing mechanical part’s weight by using lightweight materials.
Aluminium-based alloys represent an appropriate candidate, due to their properties as
low density, high specific strength and oxidation resistance. Therefore, they can be
utilized in long-life applications. Moreover, aluminium is highly suitable for recycling.
It is reported to be almost infinitely recyclable [1] and the recycling process requires
only 5% of the energy of primary Al production [2, 3].
High purity aluminium is a soft material with the ultimate strength of
approximately 10 MPa [4], which limits its usability in industrial applications. In order
to compete other constructional materials, the strength of Al-based materials has to be
significantly increased. There are several ways how to increase the strength of metallic
materials: alloying by adequate elements, introduction of appropriate strengthening
particles, plastic deformation or grain size reduction. At present, the strongest
commercially available Al alloy is an Al7068 alloy whose yield and ultimate tensile
strength can be increased up to 683 and 710 MPa applying special heat treatment [5].
Using special processing technologies, the yield strength of Al alloys can be increased
up to 1 GPa, as it was shown for a nanostructured Al7075 alloy processed by high
pressure torsion [6].
A serious drawback of Al alloys is a drop of their strength at elevated
temperatures. In case of age-hardenable Al alloys, the high temperature exposition
usually leads to coarsening or dissolution of strengthening second phase particles. In
case of wrought Al alloys, the deformation energy stored in the material during its
processing is released by recovery or recrystallization processes occurring at elevated
temperatures. Finally, the high temperature exposition can also result in grain
coarsening. All above mentioned structural changes generally result in a decrease in
strength. The solution of this problem represents one of the most important tasks in the
production of modern Al-based materials.

1

As the efficiency of traditional processing routes for the development of high
strength Al-based alloys is rather limited, alternative methods of material’s processing
are sought. In the 70th and 80th of the last century, rapid solidification (RS) processes
were intensively studied and used for the preparation of materials with an improved
microstructure. Due to cooling rates reaching even 106 Ks-1 the solid solubility can be
strongly enhanced [7]. The supersaturated solid solution is a perfect precursor for the
precipitation of a sufficiently high volume fraction of appropriately dispersed very fine
second phase particles. Simultaneously, a fine-grained microstructure (grain size
usually close to 1 m) is typical for rapidly solidified materials [8, 9]. Both these
aspects might contribute to a strength enhancement.
Rapid solidification represents a basis for processing routes such as melt
spinning, atomization or a variety of deposition techniques [7]. In all these methods,
at least one dimension of the product has to be minimized in order to ensure a
sufficiently rapid heat transfer so that no bulk material suitable for further commercial
utilization can be produced. Especially the atomized powder represents a good
precursor for further treatment. The powder can be mechanically milled which can
result in further microstructural changes (e.g. dissolution of second phase particles,
grain size refinement deeply below 1 m) [10, 11]. Nevertheless, for their commercial
use the powders have to be consolidated into a bulk material. This can be performed
using different methods. To minimize the porosity of resulting bulk materials, classical
consolidation methods as hot isostatic pressing [7] require a high temperature and a
long time of sintering. Unfortunately, this prolonged exposure to high temperatures
usually results in a degradation of benefits from RS or milling.
From the 90th of the last century, severe plastic deformation (SPD) methods as
e.g. equal channel angular pressing [12, 13] were widely used for processing of Albased materials. The resulting bulk material usually does not contain any porosity and
its strength is increased predominantly by a large amount of stored deformation energy
and by a distinctive reduction in the grain size (typically below 1 m). On the other
side, these methods allow only a limited variation of mechanical properties by changes
in phase composition.
In the last decade, the material research turned back to powder metallurgical
(PM) routes and improved/ developed new methods for powder’s consolidation, for
example microwave sintering or spark plasma sintering (SPS). These consolidation
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methods are capable of producing nearly full-density compacts at relatively low
temperatures and short heat exposure times [14]. Additionally, the microstructure is
influenced predominantly in the vicinity of contact points of powder particles [15].
Therefore, the benefits of RS or mechanical milling can be better maintained in the
powder particle interior. In our research, a combination of rapid solidification,
mechanical milling, and spark plasma sintering was chosen for the preparation of two
aluminium alloys and investigation of their microstructure and properties.
The thesis is divided into 5 chapters. After sections Introduction and the Aims
of the thesis Chapter 1 is describing the strengthening mechanisms in metallic
materials followed by the high temperature stability of the second phase particles and
grain structure. Further, it brings description and a short literature review of processing
methods and studied Al alloys. Chapter 2 brings the experimental procedures
employed during the materials preparation and experimental methods used for
characterization of materials. Chapter 3 presents the results of the experimental work,
which are discussed in Chapter 4. Chapter 5 lists the main conclusions of the research
work and gives suggestions for the future work regarding the recent work’s subject.
This thesis is based upon the experimental work carried out at the Department
of Physics of Materials on Charles University (Prague, Czech Republic). Part of the
works, the sintering and the X-ray diffraction measurements were carried out at the
Institute of Plasma Physics, Czech Academy of Sciences (Prague, Czech Republic)
under the common project GACR 15-15609S. Some samples were sintered by Hanka
Becker at Bergakademie Freiberg, Germany.
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Aims of the thesis
The principal task of the present thesis was to verify the possibility of
producing advanced aluminium alloys via the PM route using a new combination of
gas atomization, mechanical milling of powders, and SPS as a consolidation technique.
Gas atomization was used to get powders with a non-equilibrium phase composition
and fine-grained microstructure. A part of these powders was mechanically milled with
the aim to change their phase composition, especially to refine or even dissolve the
second phase particles, to introduce a high deformation energy into the material, and
to refine the grain size. Milling was carried out with different parameters in order to
study the impact of various parameters on powders final microstructure. The powders
were then sintered by SPS to get dense compacts with otherwise minimized influence
of sintering on powder’s initial microstructure. Further, the compacts were heat treated
at various temperatures to study their microstructural and mechanical high temperature
stability.
Two Al-based alloys (Al7075 alloy and Al7075+ 1 wt% Zr alloy) were selected
for this research with the main aim to increase their strength both at room and elevated
temperatures. The influence of different stages of processing on the microstructure,
phase composition, and mechanical properties of these alloys was investigated using a
variety of experimental methods - light microscopy (LM), scanning electron
microscopy (SEM), electron backscatter diffraction (EBSD), transmission electron
microscopy (TEM), scanning transmission electron microscopy (STEM), energy
dispersive spectroscopy (EDS), X-ray diffraction (XRD) and microhardness (HV)
measurements.
To verify the efficiency of the processing technology, the well-known
commercial Al7075 alloy was investigated. This choice of material enabled us to
compare the achieved results with the huge amount of data reported by other authors
on this alloy prepared by a variety of processing routes, especially with values reported
for the Al7075 alloy after special thermal treatment aimed to reach the highest strength
[16-18]. As the phase composition of this alloy highly alters with temperature, the
investigation of its high temperature behaviour was more focused on the
microstructure stability with a goal to increase the material’s strength by a stable fine
grain size.
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In order to improve the microstructural stability, 1 wt% of Zr was added to the
Al7075 alloy. It is believed that very fine particles of the Al3Zr phase can pin the grain
boundaries and retard their migration which otherwise would result in a grain growth
[19]. The positive influence of Zr on the microstructure stability was reported
previously both at materials prepared through rapid solidification techniques [20] and
severe plastic deformation [21].
The experimental results obtained during this research should open a new way
to the development of high temperature Al alloys which would retain their high
strength up to the temperatures of about 400 °C.
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1. Theoretical background
1.1. Introduction
There have been long lasting efforts to improve the strength of metallic
materials. The influence of composition and microstructure on mechanical properties
of materials was widely studied. There are several reviews and books dealing with
strengthening mechanisms of metals, e.g. [22-24]. Nevertheless, the theory of
individual strengthening mechanisms, their superposition and interaction is rather
difficult and requires a deep knowledge of mathematics, mechanics and chemistry.
The detailed elucidation of those mechanisms was not the aim of the present thesis
and, therefore, only a short, mostly qualitative introduction into strengthening
mechanisms of metallic materials will be given in the following sections.

1.2. Strengthening mechanisms in metals
The slip of dislocations is considered to be the most important deformation
mechanism in a majority of metallic materials. Material strength is then connected with
interactions of moving dislocations with obstacles opposing their slip. Any object in
the crystal lattice which creates its own strain field will interact with dislocations. The
degree of hardening by an obstacle is then determined by the type and magnitude of
interaction between the strain fields of dislocation and obstacle [25].
There are several possibilities how to increase the strength of metallic materials
– by dislocations, foreign atoms dissolved in the matrix, second phase particles, and
grain boundaries. The basic strengthening mechanisms therefore are [24]:
• Work hardening,
• Solid solution strengthening,
• Precipitation and dispersion strengthening,
• Grain boundary strengthening.
The materials strength then results from a superposition of individual
strengthening mechanisms.
Materials strength can be characterized also by its hardness; however, it is not
an intrinsic property of materials. Nevertheless, the ultimate tensile strength (𝜎𝑈𝑇𝑆 ) for
a number of metals was shown to be related to the microhardness (HV) as [26-28]:
6

𝐻𝑉 ≈ 3𝜎𝑈𝑇𝑆 .

(1)

This relationship was found by Zhang et al. to hold for micron-grained,
ultrafine-grained and also nanocrystalline materials [27].

1.2.1. Work hardening
Work hardening – also called strain hardening or deformation strengthening –
is a strengthening method often used in materials whose strength cannot be increased
by heat treatment, e.g. by changes in their phase composition.
Work hardening is a consequence of plastic deformation, which introduces
deformation energy into the material. The deformation energy is mainly increased due
to the introduction of dislocations during plastic deformation. By heavy straining, the
dislocation density of metals can be increased from 107-1011 m-2 (characteristic for
annealed material) to 1013-1014 m-2 [29]. Beside dislocations also other defects, as
stacking faults or anti-phase boundaries can be introduced into the material during
deformation, all representing obstacles for the movement of dislocations.
As obstacles resist movement of dislocations, further movement of dislocation
on a given slip system can appear first after increasing stress above the critical resolved
shear stress, τC, whose value depends upon the resisting mechanisms [25]. A short list
of the most common mechanisms resisting dislocation motion follows.
The basic mechanism acting against each moving dislocation is the difference
in the atomic spacing at dislocation’s core and around it. The resulting, so called
Peierls-Nabarro stress for an isolated edge dislocation in an otherwise perfect crystal
can be expressed as [24, 25]:
2𝐺

𝜏𝑃𝑁 = 1−𝜈 𝑒 −

2𝜋𝑤
𝑏

,

(2)

where G is the shear modulus, ν the Poisson ratio, b the magnitude of Burgers
vector and w the distance around the dislocation where atomic arrangement differs
from that in a perfect crystal. However, this equation is inaccurate for dislocations with
complex structures.
Further, dislocations can interact with each other. In case they are in the same
slip plane, they will either repel (if they have the same sign) or attract and annihilate
(if they have Burgers vectors with opposite signs). If a dislocation glide is blocked by
an obstacle, the dislocations will create pile-ups at that obstacle. The resulting
strengthening effect from the pile-up dislocations, τpile-up can be expressed as [25]:
7

𝜏𝑝𝑖𝑙𝑒−𝑢𝑝 = 𝑁𝜏,

(3)

where N is the number of dislocations in the pile-up and τ is the shear stress for
a single dislocation.
In case, a gliding dislocation interacts with dislocations intersecting its slip
plane, also called forest dislocations, the cutting process can be very complex.
Nevertheless, the resulting strengthening from forest dislocations (τf) can be expressed
as [24, 28]:
𝜏𝑓 = 𝛼𝐺𝑏 √𝜌𝑓 ,

(4)

where ρf is the forest dislocation density, α is a constant connected with the
strength of actual interaction force, G is the shear modulus, and b the magnitude of the
Burgers vector.
Dislocation motion can be accelerated by temperature elevation, as dislocations
can overcome obstacles by thermally activated processes [25]. At sufficiently high
temperatures, recovery of deformed structure can occur. During recovery the
dislocations annihilate and rearrange in order to minimize the stored deformation
energy. Alternatively, a recrystallization process can occur, when new defect-free
grains nucleate and grow at the expense of the deformed structure.

1.2.2. Solid solution strengthening
Atoms of different elements dissolved in the matrix phase can lead to its
strengthening by solid solution strengthening. These impurity atoms, either in
substitutional or interstitial positions, impose lattice strains on surrounding atoms
resulting in a lattice strain field. Interactions of these strain fields with dislocation
distortion field affects the dislocation movement.
There is a variety of interactions existing between solutes and lattice
dislocations. Considering only the elastic ones, two main types can be distinguished the size effect and the modulus effect. The first one stems from the size misfit of the
solute and matrix atoms, the other from the difference in the shear modulus. Both
differences lead to a variation in the local stress field around the solute atom in a
different manner leading to restriction of dislocation movement.
The strengthening effect of obstacles (solute atoms) (Δτ), which need to be
bypassed by dislocations was originally described by Orowan in the form [24]:
𝐹

∆𝜏 = 𝑏𝐿0 ,
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(5)

where F0 is the obstacle strength, b the magnitude of the Burgers vector, and L
the obstacle average spacing. This obstacle spacing is usually expressed in two forms.
𝑏

Assuming a straight dislocation line, it is 𝐿 = 𝑐 , for a flexible dislocation line 𝐿 =

𝑏
√𝑐

,

where c is the concentration of solutes.
The equation (5) can be rewritten (through substitution for F0 and L) to express
the strengthening effect from the difference in size and/or modulus of solutes at 0 K
as [24, 28]:
∆𝜏 = 𝐺𝑓 𝑛 𝑐 𝑚 ,

(6)

where G is the shear modulus, f a measure of the obstacle strength, c the solute
concentration, n resp. m varies assuming different nature of obstacles resp. on the
average obstacle spacing.
According to the assumed nature of obstacles, the average obstacle spacing and
the dislocation flexibility, there are several models describing the dislocation-obstacle
interaction. There are two main statistics, the Mott-Labusch statistics for a dense
distribution of weak obstacles and Friedel statistics for a dilute solution of strong
obstacles. Flexible dislocation lines in Friedel-Fleischer approximation of a dilute
solution of strong obstacles leads to n = 3/2 and m = 1/2 [24, 30, 31]. In Mott-Labusch
approximation of dense distribution of weak obstacles the strengthening effect of a
random array of obstacles is characterized by n = 4/3 and m = 2/3 [24, 32].
At temperatures above 0 K the dislocations can overpass obstacles also by
thermally activated processes. Moreover, at temperatures, when the solute atoms
become mobile, the solutes diffuse to dislocations and form atmospheres around them.
As a result, the dislocations can be pinned by solute atoms and an increased stress has
to be applied in order to unpin the dislocations.

1.2.3. Precipitation and dispersion strengthening
Second phase particles present further type of obstacles for dislocation
movement. The presence of a second phase particle represents a distortion in the matrix
lattice. Therefore, the obstacles which hinder the dislocation motion are either the
strain field around second phase particles or the second phase particles itself or both
[33]. A short description of this problematics follows.
The particle-matrix interface gives rise to interfacial energy, whose magnitude
depends on the interface properties. Therefore, the interaction between dislocations
9

and second phase particles depends on the type of the interface. According to the
matching up of matrix and second phase lattices, three types of interfaces can be
distinguished. In coherent interfaces, where the crystal structure and atomic
arrangement of second phase and matrix match up on the boundary, the interfacial
energy, normally consisting of chemical and structural contribution, has only the
chemical part. In semi-coherent interfaces, where the failure in periodicity is solved
by the introduction of misfit dislocations, the structural contribution of the interfacial
energy appears. In incoherent interfaces, there is a large atomic misfit between the
second phase and matrix lattices which results in a huge increase in interfacial energy.
Beside the particle-matrix interface, whose matching leads to so called
coherency hardening, the second phase particles strengthening effect depends also on
the particles internal structure and properties. In case, the dislocation cuts the particle,
there are further contributions to precipitation hardening:
 modulus strengthening,
 strengthening from difference in stacking fault energy,
 strengthening by anti-phase boundaries,
 strengthening from new interfaces.
The second phase particles are formed by foreign atoms in combination with
the matrix atoms and usually have a different structure than the matrix. Therefore, they
usually have shear modulus different from that of the matrix. This leads to a change in
the dislocation line tension when it enters the particle. Moreover, the particle and
matrix can also differ in their stacking fault energy, which can mean a change in the
flow stress to cross the particle by a dislocation. In case of an ordered particle, its
crossing by a perfect dislocation can lead to generation of an anti-phase boundary,
leading to strengthening. Further, dislocation cutting produces new ledges on the
particle, which is a new interface between the particle and matrix, therefore it increases
the interfacial energy.
The main strengthening effect of second phase particles is usually expressed
by Labusch theory as [24]:
2

1

4

∆𝜏~𝑓𝑤 3 𝑅 3 (𝜂, 𝛿, 𝛾𝐴𝐹 , 𝛾Δ𝑆𝐹𝐸 , 𝛾𝛼𝛽 )3 ,

(7.1)

or by Friedel theory as [24]:
1

1

3

∆𝜏~𝑓𝑤 2 𝑅 2 (𝜂, 𝛿, 𝛾𝐴𝐹 , 𝛾Δ𝑆𝐹𝐸 , 𝛾𝛼𝛽 )2
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(7.2)

where 𝑓𝑤 is the weight fraction of second phase particles, R is the radius of
second phase particles, η and δ denotes the relative change of shear modulus and lattice
parameter, 𝛾𝐴𝐹 denotes the anti-phase energy, 𝛾Δ𝑆𝐹𝐸 is the difference of stacking-fault
energy in particle and matrix, 𝛾αβ denotes the particle-matrix interface energy.
The second mechanism, when dislocations can by-pass second phase particles,
is Orowan dislocation looping. The strengthening effect connected with dislocation
bending needed in this process can be expressed as [28]:
𝐺𝑏

∆𝜏 = 𝐿−2𝑅

(8)

where G is the shear modulus, b the magnitude of the Burgers vector, L is the
average obstacle distance, R is the radius of the second phase particles.

Figure 1. The scheme of dependence of the strength needed to cut through a second
phase particle by a dislocation or to bypass it by Orowan looping on the radius of
the second phase particle.
Consequently, the strength needed to cut through or bow the dislocations
around the particle selects the active mechanism. However, as remarkable from Eq.
(7.1) or (7.2) and (8), the active mechanism largely depends on the radius of the
obstacles. Figure 1 shows the dependence of both mechanisms on the precipitate radii
(with coherent boundary). It can be seen, that dislocations should cut the smallest
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second phase particles, but above a critical radius, they should bypass them by Orowan
looping [24].
In case of particles with semi- or incoherent boundaries, the value ∆𝜏 in Eq. (8)
is not changed, but the value ∆𝜏 in Eq. (7) is increased. Therefore, the critical radius
decreases. Consequently, maximum strengthening effect can be achieved by
precipitates with coherent boundaries and with radius equal to the critical one, where
the values of ∆𝜏 derived from Eq. (7) and (8) are equal.
At elevated temperatures, the dislocations are thermally activated, and
bypassing particles becomes easier. Therefore, the strengthening effect of second
phase particles decreases. Further, high temperatures can result in particle coarsening
which leads to a decrease of their strengthening effect. At certain temperatures the
second phase particles can dissolve, reducing thus the materials’ strength, however,
dissolution of second phase particles leads to solid solution strengthening.

1.2.4. Grain boundary strengthening
Grain boundaries represent an important obstacle for moving dislocations in
polycrystalline materials. The strengthening due to grain boundaries has been found to
be expressible by the Hall-Petch relation for both pure metals and alloys over a large
range of grain sizes as [24, 28]:
1

𝜎𝑦 = 𝜎0 + 𝑘𝑑 −2 ,

(9)

where σy is the yield stress, σ0 is the contribution of other strengthening
mechanisms, d is the grain size, and k is a constant individual for each material. This
constant characterizes the shear stress required to release accumulated dislocations.
Reducing the grain size, the density of grain boundaries and their strengthening effect
increases. Therefore, grain boundary strengthening is the most essential strengthening
mechanism in ultrafine-grained materials.
The Hall-Petch relation is applicable only in case of materials with a grain size
above a critical value. When the grain size decreases below the critical value and
becomes unable to support dislocation pile-ups, weakening mechanisms as viscous
flow occurs and leads to a decrease in strength with decreasing grain size [34]. This
critical grain size is below 10 nm for most metals [34, 35].
At higher temperatures or in materials containing non-equilibrium grain
boundaries (as in heavily strained materials), dislocations can be trapped by grain
12

boundaries and annihilate there. In materials with high volume fraction of grain
boundaries this mechanism leads to remarkable softening. Moreover, with decreasing
grain size, other deformation mechanisms like grain boundary sliding occur, leading
to a break-down of the Hall-Petch relation.

1.3. High temperature stability of strength
A brief overview of strengthening mechanisms given in previous paragraphs
shows that temperature strongly influences the materials’ strength especially through
phase composition and microstructural changes. In order to maintain high material
strength also at elevated temperatures, the stability of second phase particles and grain
structure is required. Both these aspects will be discussed below.

1.3.1. Stability of strengthening particles
Due to the temperature dependence of the equilibrium solid solubility of solutes
in solvents, the content of second phase particles varies with varying temperature.
Changing the temperature, the decreasing equilibrium solid solubility leads to
formation of second phase particles, whereas increasing equilibrium solid solubility
results in their dissolution.
Beside processes induced by altering the temperature, second phase particles
can evolve also at a constant temperature. The material containing second phase
particles can reduce its energy among others by lowering the surface to volume ratio
of second phase particles, i.e. by a growth of larger particles at the expense of smaller
ones. The kinetics of this process, also called Ostwald ripening, is controlled by
volume diffusion of solute atoms from shrinking second phase particles to growing
ones.
As showed by Lifshitz, Slyozov and Wagner [36-38] for coarsening of particles
in binary alloys, the average particle radius 〈𝑅〉 increases with time t as follows:
〈𝑅(𝑡)〉3 − 〈𝑅(𝑡 = 0)〉3 = 𝑘𝑟 𝑡,

(10)

where 〈𝑅(𝑡)〉 is the average particle radius at time t, 〈𝑅(𝑡 = 0)〉 means the
average particle radius at the beginning of coarsening and 𝑘𝑟 is the rate constant, which
can be related to properties of system as:
𝑘𝑟 ∝ 𝐷𝑐𝑒 𝜎,
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(11)

where D is diffusivity of alloying element, 𝑐𝑒 is the equilibrium solid solubility
of the alloying element and σ is the matrix-precipitate interfacial energy [38].
In order to maintain the strengthening effect of second phase particles also at
elevated temperatures, their size has to be stabilized, i.e. Ostwald ripening has to be
prevented. Hence, it is essential to choose proper alloying elements. According to Eq.
10 and 11, elements with low diffusion coefficient and low equilibrium solid solubility
in matrix, which form second phase particles with a low interfacial energy (low misfit)
to the matrix phase should minimize the coarsening rate of second phase particles.

1.3.2. Stability of grain structure
It has been shown in paragraph 1.2.4. that grain boundaries represent obstacles
to dislocation movement and contribute thus to materials’ strength. In order to retain
its contribution to strength, the grain size has to be stabilized. However, a high amount
of energy connected with grain boundaries especially in fine grained materials
represents a large driving force for total energy reduction through grain coarsening
[39].
Grain coarsening occurs usually through a migration of grain boundaries into
neighbouring grains. The velocity of grain boundary migration (v) during grain
coarsening can be expressed as [39, 40]:
𝑄𝑚

𝑣 = 𝑀𝑃 = 𝑀0 𝑒 − 𝑅𝑇

2𝛾𝑏
𝑟

,

(12)

where M is the grain boundary mobility, P denotes the driving force for grain
growth, M0 is the grain boundary mobility constant, Qm is the activation energy for
grain boundary migration, γb is the grain boundary free energy per unit area, and r the
radius of grain boundary curvature.
There are two possibilities how to reduce the velocity of grain boundary
migration: a thermodynamic and a kinetic way. The thermodynamic way of grain size
stabilization is based on the reduction of activation energy for grain boundary
migration (Qm), which is often done by doping boundaries with solutes having large
atomic size mismatch with the matrix atoms [41]. The kinetic approach relies on the
reduction of grain boundary mobility, M [39, 42]. This is performed especially through
second phase particles and inclusions, dispersed in matrix, which can apply pinning
pressure on grain boundaries (Zener drag mechanism), which counteract driving force
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of grain boundaries movement. The pinning pressure (PZ) exerted by particles on unit
area of grain boundary can be expressed as [43]:
𝑃𝑍 =

3𝑓𝑝 𝛾𝑏
2𝑟𝑝

,

(13)

where fp is the volume fraction of randomly distributed spherical precipitates,
rp is their diameter and 𝛾𝑏 is the specific grain boundary free energy.
If the driving force of grain growth (P) becomes balanced by Zener pinning,
the grain coarsening stops. The materials final average grain size 〈𝐷𝑓 〉 then can be
expressed as [44]:
〈𝐷𝑓 〉 = 𝛼𝑔

4 〈𝑟〉
,
3 〈𝑓〉

(14)

where 〈𝑟〉 denotes the average radius and 〈𝑓〉 is an average volume fraction of
spherical second phase particles, and 𝛼𝑔 is a constant. According to Eq. 14,
introduction of a high volume fraction of fine second phase particles can enhance the
Zener pinning on grain boundaries and a fine grain size can be retained.
Coarsening of second phase particles at elevated temperatures results not only
in a reduction of their strengthening effect (as mentioned in the previous paragraph)
but also in a drop of the Zener drag and a higher grain boundary mobility. Moreover,
in case of extreme temperatures, the kinetic way of grain size stabilization becomes
impractical, since the mobility of grain boundaries follows an Arrhenius type function.
Under these conditions the thermodynamic way of stabilization becomes more
important as the grain boundary energy is only slightly dependent on temperature [45].

1.4. Theory of processing methods
As mentioned in the introduction, the development of modern materials with
unique properties requires usually alternative processing routes. In the current thesis a
PM route was chosen. Both its parts, i.e. the powder production and its consolidation
will be discussed below separately.

1.4.1. Powder production techniques
Fine grained powders can be processed by a wide variety of techniques, as
listed in [7] or [46]. The three main powder production methods are:
 physical methods as rapid solidification,
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 mechanical methods: crushing, grinding, mechanical alloying, milling,
 chemical methods: electrolytic deposition, precipitation from liquid or gas
etc.
Rapid solidification and milling, used in the current research, will be further
described in detail.

1.4.1.1. Rapid solidification
Rapid solidification techniques enable a rapid extraction of thermal energy
from the molten metal. Cooling rates up to 106 Ks-1 can be achieved, whereas
conventional casting is characterized by cooling rates below 102 Ks-1 [8, 47]. The high
cooling rate of RS leads to undercooling of the melt by 100 K or more [7, 8]. This
technique therefore offers advantages in comparison to conventional casting
techniques, like:


extended solid solubility,



suppression of precipitation or refinement of precipitates,



formation of non-equilibrium phases, quasicrystals,



grain size reduction.

The solidification microstructure is influenced by the rate of the solid-liquid
interface movement (solidification velocity, Vs) and the temperature gradient (GT),
resulting from the melt undercooling and the recalescence. Beside these thermal effects
also the kinetic effects have to be considered. The solidification kinetics is mainly
influenced by solute segregation and interface energy [8].
Undercooling of the melt to a high degree can lead to extreme temperature
gradient and formation of a single phase metastable solid solution, to a segregation
free microstructure. The resulting material then exhibits a compositional uniformity,
and the supersaturated solid solution can serve as a basis for controlled precipitation.
However, this is attainable only at a specific undercooling - varying with the
concentration of solute - where the free energy per unit volume of the liquid and the
solid solution is the same [47].
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Figure 2. Schematic representation of the dependence of solidification
microstructure on the temperature gradient and solidification velocity during
solidification of alloys, taken from [48].
During solidification of alloys, solute atoms usually are unable to diffuse away
from the fast moving solid-liquid interface to maintain a uniform composition in
liquid, which leads to a constitutional undercooling of the melt along the interface. The
resulting thermal gradient can destabilize the planar growth front. Nevertheless, at
higher growth rates the interface energy has a stabilizing effect, resulting in a planar
growth. However, as the solidification front velocity slows down or the temperature
gradient decreases a transition from planar to cellular, or from cellular to dendritic
growth mode can appear [8, 47], as illustrated in Figure 2.
The high degree of undercooling leads also to a high nucleation-rate and thus,
to a fine grain size [8]. However, extreme cooling rates in small volumes of material
can result in an insufficient time to more than one nucleation event leading to single
crystalline powder particles [49].
The broad spectrum of rapid solidification techniques can be divided into two
basic groups. In the first group, the RS is achieved by a high rate of heat extraction.
The melt spinning is a typical representative of these so called chilling methods. In the
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second group, the melt is undercooled before nucleation, which is typical for so called
atomization methods [50].

Figure 3. The scheme of the gas atomization method [51].
During atomization, the molten liquid metal is broken up into droplets which
then solidify into a metal powder. Three different types of atomization processes can
be distinguished according to the processes disintegrating the molten metal - explosion
of liquid metal, fragmentation by centrifugal acceleration or impingement by an
atomizing media. In the first case, for example during vacuum atomization, the molten
metal is exploded into droplets after its exposition to vacuum. Centrifugal atomization
forms droplets of metal by rotating a molten metal electrode. In the last case, the liquid
metal stream is impinged into droplets by a high pressure gas or liquid stream serving
as the cooling media (see Figure 3).
Powders of metallic materials are frequently prepared by gas atomization using
inert gases like N2, He or Ar. The inert atmosphere helps to avoid moisture absorption
on the powder surface and the degassing step prior to consolidation is not needed [47].
The disintegration of molten metal during gas atomization can be divided into
5 steps [8]:
• unstable wavy melt stream after its contact with the atomizing gas,
• formation of ligaments or wave fragments,
• the decomposition of ligaments/wave fragments into droplets/primary
fragments,
• further disintegration of droplets/primary fragments,
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• collision and coalescence between the droplets/primary fragments.
The size distribution and shape of resulting powder particles depend on a range
of variables, like nozzle design, type of atomizing gas, gas flow rate, molten material
flow rate, type of metal and its temperature [7, 8]. Depending on the cooling rate and
the surface tension of the cooled material the atomized powder shape changes from
spherical through coalescence spheroids to coalescence membrane product (with
decreasing surface tension and increasing cooling rate).

1.4.1.2. High energy milling
As mentioned above, RS extends solute solubility and refines grain size.
Further microstructural refinement can be achieved by mechanical milling of the
rapidly solidified powder. Simultaneously, mechanical milling can extend solid
solubility compared to RS [11].
There are two different terms denoting the processing of powder particles in
high-energy mills. Mechanical alloying is used for processes where mixtures of
dissimilar powders are milled together [11]. The goal is to obtain a homogeneous alloy
through material transfer. Milling of frequently pre-alloyed powders, where the
material transfer is not the primary goal, is denoted as mechanical milling [11].
Mechanical milling is a widely used PM method developed for powders grain
refinement and producing dispersion strengthened alloys with a uniform distribution
of fine second phase particles.
Mechanical milling can improve the material strength as follows:
• the high density of dislocations leads to work hardening (Eq.4),
• the refined grain size raises the strength according to Eq. 9,
• milling usually extends solid solubility enhancing solid solution
strengthening (Eq.6),
• second phase particles, dispersoids or precipitates, introduced into the
material or evolved during milling contribute to dispersion or precipitation
strengthening, Eq. 7.1, 7.2 and 8.
From the macroscopic point of view, the powders evolve through repeated
deformation, fracture and welding of powder particles [11]. On a microscopic scale, at
early stages of milling the deformation is localized in shear bands. After reaching a
certain strain level the dislocations recombine or annihilate leading to a formation of
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small angle boundaries. In this stage nanometer sized crystallites can be formed.
Further milling leads to a steady state grain size distribution with randomly oriented
grains divided by high angle boundaries [11].
The minimum grain size obtainable by milling is determined by a balance
between the dislocation generation induced hardening rate and the recovery rate from
dislocation annihilation and recombination. The model developed by Mohamed [52]
predicts that the minimum grain size scales inversely with hardness, proportionally
with stacking fault energy and exponentially with recovery activation energy. Fcc (face
centred cubic) metals were long claimed to be too soft for effective energy storage
from milling and, thus, for grain size reduction due to their high recovery rate.
Nevertheless as shown first by Eckert et al. in [35], choosing proper conditions even
nanocrystalline fcc metals can be prepared.
During milling, impurities can be introduced into the milled powder from the
milling media, as balls, jar or atmosphere. For example, milling of Al powders is
carried out usually in a stainless steel media. Contamination of Al powder by Fe during
MM was reported to be very low, since Fe content in milled Al powders was reported
to be 0.04 at% after 20 h of milling [35] resp. 0.12 wt% after 8 h of milling [53], which
is below the impurity level of Fe in most commercial Al alloys [54]. The milling
atmosphere can be diffused or entrapped into powder particles during milling or it can
form various second phase particles with the powders matrix. Nitrogen or ammonia
can be used to produce nitrides; hydrogen atmosphere contributes to formation of
hydrides. Further, milling in air leads to formation of oxides [55]. To avoid this
contamination, the milling area should be evacuated or filled with inert gases,
especially in the case of reactive elements, as Al [10, 11]. Nevertheless, the introduced
solutes, oxides, nitrides or other phases can play a significant role in materials
microstructural stabilization through solute drag [56] and Zener pinning [57, 58].
Zener pinning of grain boundaries by AlN and Al2O3 particles was shown to suppress
grain coarsening during consolidation of cryomilled Al5083 powders [58].
Beside fracturing, also cold welding of powder particles can occur during
milling. Cold welding occurs also between powder particles and milling balls or
milling jar. This process diminishes the production efficiency of mechanical milling
as a significant amount of the powder remains stacked to the milling balls or jar.
Removing of these stacked powder particles is very complicated and if the same
milling balls and jar are used for further milling the new powder can be partially
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contaminated by residuals from previous millings. A process control agent (PCA),
which absorbs on the powder particle surface and reduces the surface energy prevents
excessive agglomeration and mediates cold welding [59]. In case of Al alloys stearic
acid is usually used, but ethanol, toluene or methanol were also reported as PCA for
ball milled Al [10]. PCA is also a source of hydrogen, oxygen and carbon [60, 61].
Therefore, it is suggested to degas the milled powders before consolidation to remove
volatile contaminants, since after powders consolidation the dissolved and trapped
gases can result in porosity and degrade final mechanical properties [60]. On the other
side, PCA also can lead to dispersion strengthening of material by oxides and carbides
derived from the agent.
Beside the PCA, cold welding can be suppressed also by lowering the milling
temperature [11]. This accelerates fracture processes and helps to attain the steady state
conditions more rapidly. Cryomilling (milling at cryogenic temperatures) offers the
following advantages compared to milling at room temperature [62-64]:
• suppresses agglomeration and welding of the milling media,
• suppresses solid redistribution, recovery or recrystallization,
• contributes to further grain refinement, frequently up to a nanocrystalline
range,
• reduces the milling time required to form a nanocrystalline structure due to
a suppression of dislocation annihilation,
• reduces oxidation under the protective nitrogen or argon atmosphere.
Beside the milling temperature, there are also other variables which determine
the resulting microstructure of milled powders. These variables, like type of the mill,
material of milling balls and jar, size of balls, ball to powder weight ratio, filling,
milling time, and milling rate have then a pronounced effect on powders final
microstructure and properties [10, 11].
There are several types of ball mills differing in their setup, arrangement for
cooling, atmosphere control and efficiency of milling. The planetary ball mill and
attritor belong to the most commonly used mills in production of fine grained Al
powders [10, 11].
Planetary ball mills get balls into stirring motion by a rotation of the hollow
cylindrical milling jar about its axis with a concurrent rotation of the milling jar system
in the opposite direction resulting in a planet-like motion. The scheme of a planetary
ball mill with the marked rotation directions is presented in Figure 4a. Since the
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individual jars and the jar system rotate in opposite direction the centrifugal forces act
in like and opposite directions [10]. This causes the milling balls to run down the wall
of the jar and keep on grinding the powder [11].
Attritor (Figure 4b) consists of a stationary cylindrical grinding chamber and a
drive shaft with multiple impellers set at right angles to each other and perpendicular
to the shafts axis. This rotating shaft puts the milling media and powder into stirring
motion. It energizes the milling balls, causing impact between balls, charge, shaft,
impellers and container wall. The attritor tanks are jacketed allowing thus a more
precise temperature control compared to usual planetary ball mills. Flowing water
between the milling jar and its jacket cools the tank vessel and helps to suppress heat
generation during milling, which could lead to massive solid reorganisation, recovery
and recrystallization of the powder material.
As different mills differ in setup, temperature and atmosphere control etc., their
efficiency of milling differs. According to [10] the milling efficiency of attritor is
above that of the planetary ball mills.

Figure 4. The scheme of the most commonly used mills in production of fine grained
Al powders: a) planetary ball mill and b) attritor.
During ball milling, powder is altered through the high energy collisions by the
milling jar and milling balls. The energy introduced into the powder material depends
also on the characteristics of the milling jar and balls. Milling jars and balls are usually
made of steel, tungsten carbide, alumina or zirconium oxide. Using WC or Zr2O,
diffusion and abrasion resulting in contamination can be minimized at the expense of
the higher cost [10]. The size and density of balls influences the grain refinement rate,
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since balls of higher specific gravity provide higher impact energy events resulting in
a higher transferred energy [11].
Increasing ball-to-powder (BTP) ratio increases the number of collisions per
unit time and thus the energy transferred to powder particles. However, this also leads
to a possible increase in generated heat. Filling depends on the mill type used, usually
it is about 50% to ensure enough space for the motion of milling media and powder
[11].
Increasing milling time reduces the grain size exponentially up to a certain
stationary value [11]. However, prolonged milling can lead to undesired contamination
or formation of unwanted phases. Increase in milling rate characterized by revolutions
per minute (RPM), usually increases milling intensity leading to quicker attainment of
the steady state. However, there is an upper limit as the balls should not be pinned to
the walls of the milling jar (in case of moving jars). Furthermore, a very high RPM
can lead to undesirable temperature increase which might negatively influence the
microstructure of the milled powder [11].

1.4.2. Powder consolidation methods
The small size of powder particles limits their engineering applicability.
Therefore, they have to be compacted into bigger parts using suitable techniques.
These techniques should lead to full density compacts and, simultaneously, have a
minimum influence on the powders favourable properties in order to retain them in the
compact. Solid state consolidation of powders is completed through a thermally
activated mass transport driven by a surface and grain boundary energy reduction.
Most consolidation methods - as cold pressing (CP), cold isostatic pressing (CIP), hot
pressing (HP) and hot isostatic pressing (HIP) - use pressure (and in case of HP and
HIP also elevated temperatures) to produce bulk samples. Others, like SPS use
additional sintering mechanisms in order to get full density at temperatures lower than
those used during HP and HIP [15].

23

1.4.2.1. Cold pressing, cold isostatic pressing, hot pressing, hot
isostatic pressing
Bulk samples can be prepared from powders using pressure-less and pressure
assisted forming operations, with or without external heating [10, 65, 66]. To the
pressure-less sintering technologies belong methods as slip casting or microwave
sintering. During sintering by these technologies, the powder is filled into a mould
with or without a convenient liquid. Further, the mould is trimmed and led to dry or is
heated by microwave heating [67].
During pressure assisted forming methods, the powder is filled into a closed
die and the pressure is applied using punches or isostatically by a bath. According to
the measure of external heating, these methods are divided into cold and hot
compaction methods.
In cold compaction methods, the temperature does not exceed the level, above
which typical high temperature deformation mechanisms like dislocation or
diffusional creep occur [10, 46]. During cold compaction the densification proceeds
due to rearrangement of powder particles, their plastic deformation and formation of
mechanical bonds at inter-particle interfaces [46].
The most widely used cold compaction methods are CP and CIP. During CP,
the pressure is applied uniaxially, using one or two punches. The friction at the die
wall and the nature of the load distribution inside the die leads to heterogeneous density
of the green sample [46]. CP is usually used to prepare a desired shape compact from
the powder, with a density around 80% [68]. During CIP, the pressure is applied
simultaneously and equally in all directions using a pressure transmitting fluid or
powder bed, whereas the powder is sealed in elastomer container shaped for the
application. The absence of wall friction enables homogeneous density distribution
[46]. Material processed by CIP can reach 95-98% of the theoretical density [66, 69].
Higher density compacts can be obtained by sintering at elevated temperatures,
where additional densification mechanisms occur. Temperatures above half of the
melting point of given material lead to thermal activation of material and to sufficient
mass transport between powder particles. The activated densification mechanisms are
plastic yielding, power-law creep, diffusional creep and grain boundary sliding [46].
HP and HIP belong to the most used hot compaction methods. Similar to CP, HP uses
axial pressure whereas during HIP the pressure is applied isostatically, as during CIP.
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Due to the elevated temperature the porosity is reduced by necks’ growth, plastic
deformation of powders, creep and mass diffusion, leading to samples with improved
density (when compared with CP and CIP samples) [66]. HP was reported to lead to
densities up to 99.5% of theoretical density in an Al-Cu sample, but the sample was
processed at 450 °C under 300 MPa within a long period, 2h, which led to extensive
grain growth [70]. HIP was reported to lead to density up to 98.9% in an Al-Cu-Mg
alloy using 580 °C and 130 MPa for 3h and the high temperature was reported to lead
to localized melting [71].
The conventional consolidation methods as CP, CIP, HP, and HIP, are usually
followed by secondary processing as extrusion, forging or rolling [72-75]. These are
used to change the shape of the final part, to further raise the density and to break the
oxide layer present on the surface of powder particles of some alloys. Oxide layers,
due to low diffusion rates through the oxide layer, hinder solid state sintering [76]. But
using secondary processing techniques these oxide layers can be destroyed and a
metal-metal contact between powder particles can be achieved.
Although these methods, CP, CIP, HP and HIP, make possible to attain a high
density compact and complex shaped samples, they are regarded to require specialized
and costly instruments which operate at high pressures and have sample size
restrictions which present serious prohibitions in significant upscaling [10]. Another
issue is connected with the relatively slow heating rate (around 16 C°/min [77]) which
also varies with the sintered part’s volume. The slow heating rate to desired
temperature means prolonged heat exposure. As already mentioned, powders
processed by RS or mechanical milling are usually in a non-equilibrium state with a
high level of supersaturation, metastable phases, high dislocation density (just in case
of mechanically milled powder) and small grain size. Such materials will tend to their
equilibrium during long exposition to elevated temperatures [78]. Prolonged heat
influence could lead to solid redistribution, transformation of metastable phases to the
stable ones, dislocation rearrangement and annihilation during recovery and
recrystallization. Further, grain coarsening can occur along with precipitation of
phases from the solid solution. Therefore, the powder should be exposed to the lowest
possible temperature for the shortest time at which it is still possible to achieve a full
density material. Compaction methods capable to produce high density products with
a short exposition to the lowest possible sintering temperature have to be sought.

25

1.4.2.2. Spark plasma sintering
Spark plasma sintering, also called pulsed electric current sintering or plasma
assisted sintering combines uniaxial pressure with heating by a direct pulsed electrical
current [15, 79].
The current enables direct heating through Joule heat, with heating rates up to
1000 °C/min, which helps to limit the heat exposure time of the powder. Further
advantages of SPS are the lower sintering temperature compared to conventional
sintering techniques, no need of pre-compaction of powders and the possibility to
produce compacts with nearly theoretical density [15].
Figure 5 shows the scheme of an SPS device and a typical scheme of the SPS
process. During SPS, the powder is placed in a die, vacuum is set and a low initial load
is applied to ensure the contact between the loosely packed powder particles. The
powder is heated with a defined heating rate to the chosen sintering temperature, and
a pressure is simultaneously applied (Figure 5b). Both the mechanical load and electric
current can be maintained constant during the sintering cycle or they can vary during
the sintering process. The pressure may increase gradually during the sintering and an
on-off pulse pattern with a 1-300 ms pulse duration can be applied. The temperature
is usually controlled through axial pyrometers placed in a hole in the punch or by radial
pyrometer placed in a hole in the die, or with a radial pyrometer focusing on the outside
of the die. After sintering the sample is unloaded and cooled.
The sintering is usually reported to occur in the following steps: [80]
• rearrangement of powder particles
• powders activation
• sintering neck formation
• sintering neck growth
• plastic deformation
In case of conductive powders, powders activation is reported to be promoted
by the spark discharge, which removes surface oxides and increases powder surface
leading to neck formation by evaporation, condensation and diffusion. The third and
fourth steps are promoted by current, which flows through necks leading to Joule heat
and therefore fast densification. The plastic deformation in the last step is enhanced by
the applied pressure at high temperature [80].
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Figure 5. The typical scheme of an a) SPS device [15] and b) of the SPS process.
In conductive powders, the energy is dissipated within the sample and
conductive parts of the SPS tooling. Thus, the Joule heat makes possible to reduce
beside the duration also the energy costs of sintering [15]. In non-conductive powders,
conductive tooling need to be used and the Joule heat generated in the SPS tooling is
transmitted to the powder.
The maximum used load is between 50 and 250 kN depending on the SPS
tooling material [81]. The process can be carried out under vacuum or in a protective
inert gas atmosphere. Samples after sintering are free cooled, alternatively cooling
rates up to 150 °C/min can be achieved due to the water cooling of the chamber, or a
cooling rate of 400 °C/min can be attained with additional tooling [81].
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In order to choose the proper sintering parameters, the processes taking place
during SPS should be discussed.

Mechanical aspects
Applying pressure during powder sintering was shown to promote
densification [82]. The pressure breaks up the powder particle agglomerates, changes
the amount and quality of contacts between powder particles. This way, it helps to
reduce sintering temperatures and to shorten sintering times without a negative
influence on the density and grain size of sintered compacts [81].
The effect of pressure changes with temperature. If the sintering pressure is
applied already at low temperatures (at the beginning of sintering), it is below the yield
strength of the powder and no plastic deformation occurs. If the same pressure is
applied at high temperatures, plastic deformation of powder particles can occur, as the
increasing temperature leads to a drop in the yield strength of most metallic powders.
Therefore, in conventional pressure assisted consolidation processes the pressure is
applied preferably at elevated temperatures, where the pores can effectively collapse
leading to higher density [83]. Guillard et al. reported about sintering of SiC particles
by SPS [84]. They demonstrated, that application of pressure at the temperature of SPS
helped removing closed porosity and led to improved densification, compared with the
sample at which the pressure was applied at temperature below the SPS temperature.
On the other side, pressure applied already at temperatures below the SPS temperature
led to a slightly higher density in low temperature (250-300 °C) SPS compacts from
milled Al powder [85]. The discrepancy can be explained by the behaviour of
materials. Whereas SiC particles are hard at lower sintering temperatures, Al exhibits
plastic flow which limits formation of closed pores.

Thermal aspects
During SPS, the sample is heated directly by Joule heating, which in
conductive powders leads to high heating rates. It enhances densification diffusion
processes and reduces the time and the temperature needed to attain full density
compared to conventional sintering methods as HP or HIP, where the powder is heated
by conduction [15, 86].
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The rapid heating makes possible to reduce the influence of prolonged, high
temperature exposition. Among others, it limits the grain growth. Sintering of alumina
was presented to lead to a finer grain size if higher heating rates were used [87]. Munir
et al. concluded the same inverse proportion between the heating rate and resultant
grain size [88].
Beside the heating rate, the cooling rate can also have a pronounced effect on
the samples final microstructure. Cooling rates of 1.6 to 6.9 Ks-1 were achieved by gas
quenching after SPS of Ti6Al4V alloy and led to an increase in materials ultimate
compressive strength and ductility and to the formation of nanocrystalline
intermetallic phases [89]. A rapid cooling from sintering temperature can avoid further
inconvenient processes as grain coarsening or undesirable coarsening of second phase
particles.
The non-uniform arrangement of powder prior to sintering can lead to nonuniform heating. Further, the non-homogeneous current path can lead to high local
temperature gradients, local melting, which is more remarkable at larger sintered
sample sizes and complex shapes [81, 90]. The non-uniform temperature field can
create thermal stresses which contribute to the deformation of powder particles during
sintering through dislocation creep.

Electrical aspects
Due to the non-homogeneity of the packed powder particles mass, the current
flows at the beginning of sintering through powders contact points making percolation
current paths. This asymmetric distribution of current leads to changing magnetic flux
in each grain, which then become individual heat sources. The Joule heat generated
along the current path leads to neck formation, where the electric resistivity falls, and
high current density appears leading to high heating rate. The temperature at these
places can highly exceed the set one, which can lead to local melting or solid-state
recrystallization. However, the electric resistivity of the hot spots increases,
consequently the current flow is diverted to other contact points forming further necks
at various places, leading to a more uniform sintering. The presence of localized high
current density, along with localized high temperature and stress at contact point of
particles was revealed by finite element modelling [91]. These mechanisms were
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considered to be responsible for a bimodal microstructure of an SPS consolidated
cryomilled Al5083 powder [91].
As the material of the SPS tooling is different from that of the sintered powder
the Peltier effect can appear. The discontinuity of the Peltier coefficient leads to
differences in the tooling and powders temperature, which in case of conductive
powder can be neglected [81].
Although usually only the thermal effects of the current are discussed, the
current has also non-thermal effects. The electrical fields present in the sintering die
influence the mass transport. The contact of different SPS tooling and powder
materials causes also electrochemical reactions and electromigration [88, 92].
The presence of current leads to electroplastic effect. It means, that under the
effect of electric field, metallic materials exhibit lower yield strength than in the
absence of the field [15].
Further, electrical current can cause nucleation of second phase particles [88].
Increased current density can decrease incubation time and increase the growth rate of
second phase particles, as it enhances mobility and defect concentration [93-95].
Generation of electrical discharge and spark plasma between the powder
particles was discussed by many researchers, however, their presence was not yet
unambiguously demonstrated. They are proposed to clean surface of powder particles
leading to enhanced sintering. However, the low values of applied voltage in SPS does
not fulfil the basic principle for plasma generation between gaps of powder particles
as stated in [96]. Some researches confirmed, some refused their generation during
SPS. Ozaki showed, that during SPS of Al powder no discharge was present when
graphite die was used [97]. Tokita reported neck formation due to presence of plasma,
but his research was declined by others [88]. Yanagisawa reported sparks between
some particular Cu powder particles subjected to single pulse discharges, but it had no
apparent influence on the neck formation [98]. A research conducted to understand
SPS mechanisms by Zhang et al. [99] showed the occurrence of spark discharges
during sintering by direct visual observation. In contrast, Hulbert et al. [100] utilized
acoustic emission spectroscopy and ultrafast in-situ voltage measurement beside direct
visual observation of SPS process on various powders and concluded, that no plasma
was present during sintering.
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Material aspects
SPS is widely used for consolidation of a large variety of both novel and
traditional materials. SPS was reported to produce biomaterials, catalysts, glassy
materials, nanostructures, piezo and pyroelectrics etc. [88]. Moreover, it was meny
times shown to enhance the properties of the final samples, compared to samples
prepared by traditional routes. SPS led for example to appearance of superplasticity in
ceramics [101], improved magnetic properties [102], improved bonding quality [88]
etc.
Sintering parameters of different materials differ due to the intrinsic and
extrinsic characteristics of the sintered powders. As SPS is a solid state sintering
technology, the sintering temperature is below the melting point of the sintered
powder. Nevertheless, ceramics need high temperatures and pressure for densification
as they have covalent bonding and low self-diffusion coefficient [81]. Metallic
materials have to be sintered at temperatures, where grain boundary and volume
diffusion are present. Nanostructured materials have to be sintered with short holding
times and large pressure to avoid undesirable coarsening [103].
The effect of the sintered powder size on the samples final mechanical
properties was studied among others by Diouf et al. on a Cu gas atomized powder
[104]. He showed, that the compacts final density decreases with increasing particle
size. Similarly, sintering of sieved Mg powder led to higher density compact when
powder with finer particle size was compacted [105]. Similar effect was observed for
several Al alloys prepared by SPS [85, 106].

1.4.2.3. Comparison of consolidation methods
During SPS, the direct Joule heating of the conductive powder and the high
heating rate enhance densification processes, compared to other consolidation methods
(as e.g. HIP). Further, the densification mechanisms activated by pressure, thermal and
electrical effects promote to attain a high density compact.
Several studies compared the influence of different sintering techniques. Ni
nanopowders were compacted by HIP and SPS by Gubicza et al. [86]. SPS was shown
to lead to dense samples already at lower temperatures than HIP and with limited grain
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growth. Similarly, Bousinina et al. sintered Ni nanopowder by SPS and HIP and
concluded that the grain coarsening was more limited in case of SPS process [107].
Zadra et al. performed experiments on pure Al sintered by SPS technology in
two modes. They sintered samples in contact with SPS punches through a conductive
graphite foil or placing a non-conductive alumina spacer between the sample and the
powder. In the second case the sample was heated non-directly as in case of HP. Zadra
showed that the direct Joule heating led to a more uniform sintering [108]. Similar
experiment was performed by Kellogg et al. Using insulating die, no high density
sample could be processed from atomized Al5083 powder [109]. SPS of cryomilled
Al5083 powder led to bulk compacts using both, insulating or conductive die, but there
were found differences in their fracture morphology and hardness [109, 110].
Khalil sintered an Al6061 alloy with HIP, microwave sintering, furnace
sintering and SPS, and found that the highest density was obtained for SPS samples
[111]. Eldesouky et al. reported enhanced mechanical properties of SPS processed
micro- and nano-sized Al2124 powder compared to the HP counterpart [77]. Similar
enhancement of mechanical properties of an SPS sintered Al alloy compared to the
material prepared by HP was reported in [112].
Due to the economic and technological advantages of the SPS technique like
enhanced heating rate, relatively low sintering temperature, shorter holding time, not
necessary pre-compaction, no need of sintering agents, applicability to hard-to-sinter
materials, cleaning effect on boundaries and enhanced final properties along with the
retention of powders initial microstructure, this technology offers a lot of advantages
compared to conventional sintering technologies.

1.5. Aluminium alloys
Aluminium is denoted as the most abundant metallic element in Earth’s crust,
however, due to its high chemical activity it never exists in its pure form. Al is present
in the form of compounds almost in all minerals, vegetation and animals. Al is about
three times lighter than iron or copper and is an excellent conductor of heat and
electricity. Furthermore, a tough inert oxide film is immediately formed on its surface
when exposed to air, leading to its high corrosion resistance. Therefore, Al is widely
used in transportation, building materials, consumer durables or chemical and food
processing equipment.
32

Pure aluminium (99.996%) is soft and weak with an ultimate strength of
approximately 10 MPa [4]. Al of commercial purity (99-99.6%) becomes harder and
stronger due to the presence of impurities, especially of Si and Fe. Further strength
increase can be achieved in Al-based alloys. According to the main alloying elements
(e.g. Cu, Mn, Si, Mg, Mg+Si, Zn), the aluminium alloys are divided by the Aluminium
Association system into 9 families (Al1xxx to Al9xxx). Some alloying elements (for
example Mg) exhibit a relatively high solid solubility in Al already at room
temperature and solid solution strengthening is typical for such alloys [113]. The
strength of these alloys cannot be significantly influenced by thermal treatment and
thus these alloys are non-heat treatable. On the other side, Al alloys containing alloying
elements with limited solid solubility at room temperature and with a strong
temperature dependence of solid solubility (for example Cu) can be strengthened by a
suitable thermal treatment. Appropriate precipitates can be introduced into the alloy
during this thermal treatment improving thus its strength. Such alloys are called heat
treatable. The strength of heat treated commercial Al alloys exceeds 550 MPa [4, 5].
Grain refinement to sub-microcrystalline or even nanocrystalline range can
further improve the materials’ strength. Methods of severe plastic deformation
(especially the method of equal-channel angular pressing) were frequently used for
these purposes. However, it is difficult to combine SPD techniques with heat
treatment. Formation of precipitates of strengthening phases prior to SPD usually
limits deformability of the material and results in cracking during SPD. This is
especially true for most Al7xxx type Al alloys containing Zn as the main alloying
element [114, 115], where strengthening phases form rapidly after quenching, limiting
thus the time for the following SPD. This limitation was overcome by pre-aging
treatment, however it led to overaging connected with remarkable strength loss [116].
Powder metallurgy represents an alternative processing route which could
combine the contribution of several strengthening mechanisms. The following sections
provide an overview of results obtained at various PM Al alloys, especially on those
with composition similar to materials investigated in our research.

1.5.1. Powder metallurgy of aluminium alloys
Powder metallurgy is widely used in the production of Al alloys. Materials with
desirable properties, not attainable through conventional metal working processes, can
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be produced through PM. Moreover, PM processing route is characterized by a large
flexibility in material selection and design. PM route is currently extensively used to
produce high strength and/or creep resistant Al alloys with properties beyond the levels
of ingot metallurgy. The best green material for such applications is a powder with
fine, supersaturated microstructure, or with a dense distribution of fine strengthening
particles which are resistant to coarsening and dissolution. Such microstructure is
usually achieved by rapid solidification, mechanical milling and alloying.
Gas atomization belongs to the most widely used rapid solidification methods
for the preparation of PM Al alloys. Atomization processes were reported to produce
generally spherical powder particles with a wide size range. Varying the medium of
atomization or the process parameters, the resulting particle size can be tailored. Since
the solidification rate of the powder particle is determined primarily by the size of the
solidifying droplet, the actual powder particle size also influences its microstructure
[117]. Atomized powder particles were reported to exhibit segregation free, cellular or
dendritic microstructures [49, 118-124]. An increasing solidification velocity and
temperature gradient alter the microstructure from dendritic through cellular to
segregation free. Therefore, the largest powder particles - characterized by the slowest
solidification rate - exhibit dendritic microstructure [125]. Faster solidification leads
to cellular microstructure. Increasing cooling rate leads also to a refinement of cells
and dendrites [49, 121, 122, 124]. The highest solidification rates suppress formation
of intermetallic particles, and can lead to formation of amorphous phases as it was
shown for an Al-Ni based alloy in [122].
Atomized powders are characterized by grain sizes from a few micrometres up
to several tens of micrometres [118, 124]. The rapid cooling during gas atomization
influences also the alloys phase composition. Metastable phases and extended solid
solution is widely reported to occur in atomized powders [49]. All these characteristics,
the fine grain size, presence of metastable phases, and extended solid solubility can
lead to relatively high microhardness of these powders.
Further microstructural refinement can be achieved by mechanical milling of
powders. The actual measure of refinement depends on the alloys properties and
milling parameters. Milling usually leads to a remarkable refinement of
microstructure.
Fcc metals, as Al, were for a long time considered to have a limited ability to
grain size reduction through milling, claiming they are too soft for effective storage of
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deformation energy. Nevertheless, appropriate milling times were reported to lead to
grain sizes in the nanocrystalline range in Al-based materials [10]. Several authors
reported about remarkable grain size refinement using different mills and milling
parameters (see Table 1).
Material

Parameters of milling

Final grain size

Reference

Pure Al

Shaker mill, 22 h

22 nm

[35]

Pure Al

20 h

39 nm

[126]

Pure Al

100 h

25 nm

[127]

Pure Al

32 h

21 nm

[128]

Pure Al

Cryomilling, 8 h

26 nm

[129]

Al6061

20 h

30 nm

[130]

Al2124

60 h

18 nm

[77]

Al-Cu

4h

60 nm

[131]

Al-Ti

60 h

21 nm

[132]

Al-Ti

Cryomilling, 60 h

16 nm

[132]

Al-Fe

150 h

26 nm

[61]

Al-Mg

Cryomilling, 7 h

29 nm

[133]

Al-Mg

Cryomilling, 8 h

26 nm

[63]

Al-Mg

Cryomilling, 8 h

20-200 nm

[60]

Al50Mg50

76 h

2 nm

[134]

Table 1. The final grain sizes of Al alloys reached by mechanical milling with different
parameters.
The minimum ever achieved grain size reported for any Al alloy was 2 nm.
Such grain size was achieved by mechanical alloying of Al and Mg powders with a
composition corresponding to Al50Mg50 for 76 h in an in-house built mill [10, 134].
Beside the grain size reduction, mechanical milling refines/dissolves second
phase particles and enhances solid solubility. Mechanical alloying of Al-5 at% Fe
powder led to dissolution of 3.3 at% Fe [61]. An enormous enhancement of the
solubility of Fe in Al up to 4.5 at% was reported in [135] (the maximum equilibrium
solid solubility of Fe in Al is 0.025 at% at 655 °C [4]). In an Al-15 at% Cu alloy,
mechanical milling was reported to enhance solid solubility of Cu in Al to 5.6 at%
[136], whereas maximum equilibrium solid solubility of Cu in Al is 2.48 at% at 550 °C
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[4]. The solid solubility of Mg was reported to be enhanced to 18 at% in an Al70Mg30
and up to 45 at% in an Al50Mg50 alloy [134], although the equilibrium solid solubility
of Mg in Al is 1.2 at% at RT, maximum is 16.26 at% at 450 °C [4]. Mechanical milling
was shown to enhance solid solubility of Ti in Al to 7.5 wt% [137], however, it has a
maximum equilibrium solid solubility of 0.57 at% at 665 °C [4]. After 90h of
mechanical alloying, 3 at% of Zr were reported to be successfully dissolved in Al,
although, the maximum equilibrium solid solubility of Zr in Al is 0.085 at% at 660 °C
[4, 138]. Mendis et al. dissolved up 1 at% of Zr in Al-Fe alloy after 90h of milling
[139].
Powder consolidation is probably the most serious problem of powder
metallurgy of Al alloys. There are several problematic issues connected with it. Al
powders usually need degassing prior to consolidation. The attainment of high density
compact requires generally high pressure and/or temperatures and long times of
sintering. The hard oxide layer on the Al powders surface hinders attainment of a good
metal-metal contact. A brief review concerning these issues follows.
Aluminium powders are usually degassed before their consolidation to remove
the trapped contaminants which can contribute to porosity and material degradation
[140]. This is usually performed at temperatures between 400 °C and 525 °C for
several hours [72-75]. This long exposition to elevated temperatures can lead to
degradation of powders properties [60].
There are several low and high temperature consolidation methods widely used
in PM of Al-alloy powders. Low temperature consolidation methods as CP and CIP
use high pressure to enhance plastic flow and to consolidate powders to compacts. CP
of air atomized Al powder using 165 MPa led to porosity around 10% [141]. Similar
porosity was attained in another Al compact prepared using 200 MPa [142]. Higher
density samples can be achieved by increasing the value of pressure. Ball milled
nanocrystalline pure Al powder was reported to be compacted by CP using up to 1 GPa
pressure to 95-98% of theoretical density [128]. CP of ball milled Al-Cu sample
required extreme pressure, above 7 GPa to attain full density [131]. However,
achievement of such high pressures requires costly tooling and limits the sample size.
High final density samples can be attained also using high temperature
consolidation methods as HP or HIP. Hot pressing (450 °C, 30 MPa, 90 min) of a water
atomized Al alloy powder was reported to lead to 90.2% density. An Al-Fe-Zr alloy
was reported to attain 97% density when compacted by HP at 400-480 °C with 445
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MPa for 10 min [138]. Further, 94% density was reported for an AlCrCuFeNiZn
sample hot pressed at 600 °C with 650 MPa for 15 min [143].
Further problem during consolidation of Al alloys powders is connected with
the presence of hard, thermodynamically stable oxide layers on the surface of powder
particles. These layers cannot be simply broken by pressure or removed by heat, thus
they usually remain between the powder particles in PM samples. These layers reduce
the quality of interparticle bonding in prepared compacts. The poor quality of the
interparticle contacts deteriorates mechanical properties of consolidated materials
[112, 144, 145]. Therefore, Al powders compacted by isostatic deformation processes
as CIP [72, 75] or HIP [73, 74] have a reduced ductility. Therefore, usually post
processing in form of extrusion, rolling or forging is applied in order to break up and
disperse the oxide boundaries by shear stress [64]. Moreover, these post processing
methods also help to reduce remaining porosity increasing thus the materials final
mechanical properties [72]. Nevertheless, these post processing methods are usually
carried out at elevated temperatures, which can completely change the microstructure
and phase composition and degrade the samples final properties.
In summary, the attainment of low porosity Al-based compacts with
conventional consolidation methods needs extremely high pressure and/or high
temperatures [46]. Extended heat exposition can also help to increase the samples
density. Further reduction of porosity can be achieved through post processing. The
long exposition to high temperatures during powder consolidation or during post
processing can have an undesirable effect on the compacts final microstructure.
Therefore, the powder consolidation method has to be chosen carefully. It should have
a minimized heat influence on the powder and be capable to enhance the bonding
quality of powders. Choosing SPS as the consolidation method should ensure a limited
high temperature exposition of powder and a direct metal-metal contact of sintered
powder particles. A short literature review concerning the Al powders sintered by SPS
follows.
Contrary to problems connected with conventional consolidation methods, as
listed above, SPS was many times reported to sinter Al powders to high density
compacts during a short period at relatively low sintering temperatures. SPS was
severely times used to prepare bulk samples from pure Al powders [108, 144-147], Al
alloys [14, 106, 123, 145, 148, 149] to mechanically milled Al and mechanically
alloyed Al composite powders [61, 85, 91, 121, 130, 138, 139, 150-157]. The rapid
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internal heating through Joule heat allows minimizing the sintering time which
consequently reduces the heat influence. SPS was also reported to be capable to break
surface oxide layer during sintering and lead to metal-metal contact [106, 112, 144,
145, 147].
A limited grain size increment in case of both atomized and milled powders
was reported by several authors [121, 130, 139, 147, 150, 151, 154]. It was explained
by a pinning effect of Al oxide particles and impurities introduced into the matrix
during milling and by a rapid heating.
Mechanical properties of SPS compacts of Al alloys prepared with different
parameters were found to be similar or improved compared to the wrought or thermomechanically treated Al alloys counterpart by several researchers [61, 91, 106, 108,
123, 130, 138, 144-146, 148, 151-153, 155, 156]. The improved properties were
explained by a high-quality metallurgical bonding of powder particles, large fraction
of submicron or nanometer-sized grains, bimodal microstructure, fine precipitates, and
high content of intermetallic particles [61, 123, 130, 138, 148, 149, 155, 156].

1.5.2. High temperature aluminium alloys
As mentioned in the introduction, a poor thermal stability of Al alloys
represents a serious drawback in their application field. The high strength of
commercial Al alloys is usually achieved through precipitation strengthening. Fine
grain size, i.e. a large number of grain boundaries, can contribute to further
strengthening. Unfortunately, it is very difficult to retain the adequate phase
composition and microstructure during exposition of Al alloys to elevated
temperatures, usually above 200 °C [158]. Due to the temperature dependence of the
solid solubility of alloying elements in Al matrix some precipitates can dissolve. A
tendency to lower the internal energy and enhanced diffusion at elevated temperatures
contributes also to coarsening of remaining precipitates. Additionally, they reduce also
the pinning effect of precipitates. All these effects result in a degradation of strength
of Al alloys during their exposition to elevated temperatures.
In order to maintain the high strength of Al alloys despite of their exposition to
elevated temperatures, all above mentioned processes have to be avoided or at least
minimized. A theoretical background of the high temperature stabilization is given in
section 1.3. As stated in that section, proper choice of alloying elements represents the
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way how to fulfil the theoretical requirements. The stabilization of the second phase
particle content and of the grain size will be described separately.
In order to maintain a sufficient fraction of second phase particles, the alloying
elements have to be selected carefully. They should have a low solid solubility and a
low diffusivity in Al both at room and at elevated temperatures. Moreover, they should
form such intermetallic phase with the matrix atoms, which has a low mismatch with
the Al matrix. This way, the second phase particles dissolution and ripening can be
suppressed and a persistent second phase particle content can be maintained.
The most widely used commercial high temperature Al alloys contain elements
as Fe, Cr, Mo, Ti etc. These elements form in the Al matrix second phase particles
with a high temperature stability and appropriate morphology to serve as dispersion
hardener and improve the high temperature stability of grain size as grain boundary
pinners [159, 160].
Another group of high temperature Al alloys contains Zr, Sc, Ti, Hf, V etc.
which have a very low diffusion coefficient at RT and elevated temperatures and a low
equilibrium solid solubility [4, 161]. Moreover, they are able to form with Al particles
of trialuminides which have a low mismatch with the Al matrix, especially when they
are present with L12 structure. This structure is typical only for the Al3Sc phase,
however, other elements as Zr, Ti, Hf or V can form trialuminides with L1 2 structure
as a metastable phase. These trialuminides fulfil all requirements to suppress
effectively Ostwald ripening.
Zr has a special position among elements used for production of high
temperature Al alloys, since Zr has the slowest diffusion rate [162], its equilibrium
solid solubility in Al is very low (with a maximum of 0.28 wt% (0.083 at.%) at 660 °C
[163]). It forms the Al3Zr phase, which appears in two modifications. The formation
of stable phase with the structure DO23 is preceded by a metastable phase of L12
structure, see Figure 6.
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Figure 6. The scheme of unit cells of the Al3Zr phase: a) metastable L12
modification, b) stable DO23 modification.
The L12 structure metastable phase has a lower lattice mismatch with Al matrix
(about 0.7% [164, 165]) compared to the stable phase (about 2.9% [164]). This reduced
mismatch, according to the theory of the diffusion controlled particle coarsening, leads
to increased thermal stability of these second phase particles.
Transition of the metastable phase to the stable structure occurs at relatively
high temperatures after prolonged times. No transition to the stable phase was found
to occur after aging of an Al-Zr (0.2 at%) alloy at 425 °C for 1600h by Knipling et al.
[166]. The absence of transition of the L12 structure to the stable one was found after
aging for 100h at 500 °C [167]. Only aging for more than 20h at temperatures above
550 °C resulted in a transition to the DO23 structure.
For effective strengthening a homogeneous, dense precipitation of fine
particles is needed. In Al-Zr alloys, coarse particles were found only at low
solidification rates of the order of 10 Ks-1, higher solidification rates suppressed their
formation even at high Zr contents [168]. Thus, RS methods can lead to convenient
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microstructure for precipitation of appropriate second phase particles during the
materials following treatment.

1.5.3. The Al-Zn-Mg-Cu system
The Al-Zn-Mg-Cu alloy system belongs to the Al7xxx group, whose main
alloying element is Zn, the most used minor alloying elements are Mg and Cu. These
Al alloys are traditionally used for aerospace and transportation applications thanks to
their high strength and heat treatability [4].
According to the existing literature the Al-Zn-Mg-Cu alloy system forms four
major intermetallic phases: η (Mg(Zn,Cu,Al)2), T (Mg3Zn3Al2), S (Al2CuMg) and θ
(Al2Cu) [163, 169, 170]. The main intermetallic phase present in a given Al-Zn-MgCu alloy depends on the alloys exact elementary composition. In case the Zn:Mg ratio
is over 2.5, η phase is preferentially formed, whereas lower ratios lead to formation of
T phase [171]. Cu with a concentration up to 1 wt% remains in solid solution or
substitutes Zn atoms in η and T phases and decelerates their coarsening [172]. Above
this concentration, S phase is formed through heat treatment above 175 °C. In case of
much higher concentration of Cu this S phase can form already during alloys
solidification [163, 172].
The strength of the Al-Zn-Mg-Cu alloy is connected predominantly with the
evolution of η phase. The precipitation treatment has to be preceded by rapid
quenching from a sufficiently high solution temperature. The precipitation process
starts with the formation of solute (Zn, Mg, Cu) and vacancy-rich solute clusters. These
clusters are precursors for Guinier-Preston (GP) zones. GP zones are coherent,
metastable precipitates with a diameter of a few nanometers [173, 174].
Two types of GP zones were found and described in an aged Al-Zn-Mg alloy
[175]. GP(I) type is reported to form from solute-rich zones at temperatures between
RT and 150 °C [176-178]. They are formed by ordered layers of Zn and Mg/Al in
{100} Al plane and exhibit spherical morphology. GP(II) type forms after quenching
from temperatures above 450 °C and aging above 70 °C from vacancy-rich clusters
[175, 178] on {111} Al planes with plate like morphology [175].
During further aging the GP zones are replaced by metastable semi-coherent,
η’ phase with a hexagonal structure [175, 178, 179]. The main hardening effect is
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attributed to this hexagonal phase [175]. The typical size of these plate-like precipitates
is 3-4 nm in thickness and 5-10 nm in width.
At higher aging temperatures and longer aging times incoherent equilibrium
hexagonal η phase forms, which has slightly different cell parameters than the
metastable form. The η phase precipitates are preferentially located at grain boundaries
and have generally a larger size (>50 nm) [17, 175, 178-181].
Cu atoms have an overall hardening effect in Al-Zn-Mg-Cu alloy as it strongly
influences the evolution of the η (Mg(Zn,Cu,Al)2) phase. Cu promotes early clustering
processes due to strong interaction with vacancies and solute atoms. Cu decelerates
dissolution of GP(I) zone at 150 °C, which without Cu would dissolve completely
[171, 182]. Further, it stimulates formation of GP(II) zones and its transformation to
η’ phase [182]. Cu also retards formation of η phase and decelerates thus overaging
[182].
The materials final mechanical properties depend beside the size and type of
precipitates also on their displacement. This was reported to be affected by material’s
dislocation structure, grain boundaries or heating characteristics.
Dislocations and grain boundaries represent sinks for vacancies and solute
atoms, thus they can reduce solute concentration and limit following precipitation
[178, 183]. A lower density of precipitates formed in extruded ultrafine-grained AlZn-Mg-Cu alloy compared to coarse grained counterpart was presented in [183].
Nevertheless, grain boundaries also serve as heterogeneous nucleation centres. The
solute-vacancy complexes diffuse to and decompose at grain boundaries and leave
segregates behind. These segregates then can act as nuclei for GP zones, η' and η
particles leading to their discontinuous distribution [124, 183-186]. Moreover,
dislocations and grain boundaries enhance coarsening kinetics as they present easyroute for diffusional processes [186, 187].
The high volume fraction of grain boundaries in UFG alloys hinders
homogeneous nucleation of precipitates during aging [183, 188]. The precipitation at
grain boundaries, connected with the formation of precipitation free zones in the
vicinity of boundaries, leading to stress corrosion cracking is characteristic for highly
alloyed Al-Zn-Mg-Cu alloys [18, 171].
The parameters of thermal treatment can markedly affect the resulting
microstructure. Proper solid solution treatment prior to aging can dissolve most of the
precipitates present in the material. A slow quenching rate can lead to heterogeneous
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nucleation and precipitates coarsening, on the other side, rapid quenching rates
promote homogeneous nucleation of phases. Low heating rates to the aging
temperature were reported to lead to formation of η phase along dislocations and η’
phase in the matrix, resulting in higher peak strength in pre-deformed sample
compared to un-deformed ones [187]. High heating rates to the aging temperature
resulted in a lower number of GP zones and η’ particles and led to precipitation-free
zones along with coarse precipitates on dislocations.
One representative of the Al7xxx group is the high strength Al7075 alloy. The
Al7075 alloy has a strength comparable to many steels: The yield and ultimate strength
of annealed alloy (so called O-temper) are about 105 and 230 MPa [189], but
precipitation strengthening can highly increase these values.
The strengthening of Al7075 alloy through heat treatment is caused by a high
number of GP zones and 𝜂' precipitates [175, 185, 190]. The highest strength of the
Al7075 alloy is achievable by a peak ageing treatment (so called T6-temper),
consisting of solution heat treatment at temperatures between 450 and 490 °C followed
by artificial aging at 120 °C for several hours [18, 184, 185, 191]. The development of
GP zones with a diameter of 2-4 nm and a fine dispersion of the η' phase inside grains
and along grain boundaries leads to a yield resp. ultimate strength of 505 MPa resp.
580 MPa [189, 191]. Further strength increase of Al7075 alloy can be achieved also
through work hardening and grain size refinement.
Cryorolling of an Al7075 alloy led to nanocrystalline grains and a yield
strength of 550 MPa, higher than those of commercial Al7075-T6 counterpart (505
MPa) [16, 189]. Low temperature aging of the sample increased the materials yield
strength to 615 MPa [16]. Ultrafine-grained Al7075 alloy (grain size 400 nm) prepared
by ECAP exhibited a yield and tensile strength of 650 and 720 MPa [115]. An
extremely high yield strength (1 GPa) was reported for an Al7075 alloy produced by
HPT at RT [6]. The remarkable strength was explained by nanograins and nanometric
intergranular clusters.
Another way in processing fine grained sample from the Al-Zn-Mg-Cu,
particularly Al7075 alloy, is the PM route. Al7075 compacts were prepared by HIP
and extrusion of a gas atomized powder with a final grain size around 1 µm [183]. The
samples yield and ultimate tensile strength were 283 and 436 MPa. Ultrafine-grained
samples, with grain sizes of 150-300 nm, were prepared by cryomilling of gas
atomized powder followed by HIP and extrusion [17]. The yield and ultimate tensile
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strength of the resulting sample was 583 and 631 MPa, higher than that of commercial
Al7075-T6 [17]. This was attributed to strengthening by grain boundaries.
Nanocrystalline grains with a size of 32 nm were reported for a milled and hot pressed
(400 °C, 500 MPa, 1h) Al7075 alloy [192]. The compact was reported to have a high,
288 HV microhardness. Prealloyed Al7075 powder was cold compacted and hot
forged at different temperatures [193]. The forged sample showed a density of 99.6%
and a slight anisotropy of hardness. The compacts microhardness was low, around 55
HV.
Other samples from the Al7075 alloy were processed by a combination of gas
atomization and high pressure cold deposition; however, the sample exhibited a
remarkable inhomogeneity along the deposition direction [118]. Spray forming of
Al7075 powders followed by extrusion led to porosity up to 20 vol% [194]. Atomized
Al7075 powders were sintered by SPS to study corrosion properties by Tian et al.
[124].
Further, also composite materials were prepared using the Al7075 alloy as a
matrix. Mechanically alloyed Al7075 powder was milled with different amounts of
graphite. The milled powder was cold pressed and hot extruded [195]. The mechanical
properties of the composite material were found to be considerably higher than those
of plain Al7075 alloy. Another composite sample was prepared by hot extrusion from
mixed pure Al and Al7075 powders [196]. Decreasing amount of pure Al powder led
to a change of fracture mode from ductile to nearly brittle. A composite of Al7075
alloy with carbon-coated silver nanoparticles was prepared by mechanical milling
[197]. The nanoparticles with a content up to 2 wt% were shown to enhance
microhardness by 80 HV. Nanocrystalline Al7075 alloy reinforced by Al2O3 was
mechanically milled and hot pressed [198]. The hardness of the composite sample
increased with increasing amount of Al2O3 particles up to 204 HV.
Addition of Zr to the Al7075 alloy was reported to improve alloys properties.
First of all, Zr can form relatively coarse Al3Zr particles at the beginning of
solidification, which then serve as heterogeneous nuclei for Al grains, thus leading to
a grain size refinement. This effect of Zr was demonstrated for example in [166, 199].
Moreover, fine Al3Zr particles can also serve as grain boundary pinners. This was
confirmed for example in [200, 201].
A combination of gas atomization and semi-solid rolling was tested at the AlZn-Mg-Cu-Zr alloy [202]. A sample with 91% density and 158 HV was prepared. The
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effect of Zr addition was not discussed. Another Al-Zn-Mg-Cu-Zr alloy modified by
the addition of Zr was processed by atomization followed by extrusion. The finegrained microstructure (grain size around 1 µm) was retained during the high
temperature exposition due to the developed Al3Zr particles [203]. Zr addition and
rolling of PM (gas atomization+ hot extrusion) sample was show to lead to
superplasticity at relatively high strain rates as a consequence of significant grain
refinement [20]. Zr addition led to continuous recrystallization during deformation
since it effectively hindered redistribution of dislocations and motion of grain
boundaries.
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2. Materials preparation and experimental procedure
2.1. Materials preparation
In this thesis two Al alloys were studied. The widely studied Al7075 aluminium
alloy and its modification, alloyed with 1 wt% of Zr (alloy further denoted as
Al7075Zr) were investigated. The chemical composition of both alloys according to
the manufacturer is presented in Table 2.
Zn

Mg

Cu

Zr

Ti

Al

Al7075

6.6

2.3

1.7

-

-

balance

Al7075Zr

6.6

2.3

1.7

1.0

-

balance

Table 2. The chemical composition of investigated alloys, in wt%.

2.1.1. Gas atomization
The gas atomized powders with chemical composition presented in Table 1
were delivered by Nanoval GmbH & Co. KG, Berlin, Germany. The alloys were
atomized by nitrogen and sieved down to 50 µm. The mass median diameter (the
droplet size corresponding to 50% cumulative frequency) of Al7075 and Al7075Zr
alloys’ powder was stated by producer to be 22.6 µm and 20.9 µm.

2.1.2. High-energy milling
To alter and refine materials microstructure the gas atomized powders were
high-energy milled in a Retsch PM 100 CM planetary ball mill (Retsch GmbH,
Germany) or in an UNION HD01 Lab attritor (Union process Inc., USA) which
enabled to decrease the milling temperature to cryogenic ones.
High-energy milling of gas atomized powders was carried out at room
temperature in an inert Ar atmosphere or at cryogenic temperatures, in LN (liquid
nitrogen), using stainless steel vessel and stainless steel balls with a BTP ratio of 32:1
(in case of attritor) resp. 40:1 (in case of planetary ball mill).
During milling in attritor the jacketed milling jar was cooled by flowing water.
During cryomilling liquid nitrogen (boiling temperature 77 K) was continuously
charged into the milling area in order to maintain a constant milling environment. The
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evaporated nitrogen was removed through a blower equipped with a particle filter to
filtrate the powder particles from the gas flow. After the milling process the vessel
with the milled slurry was closed with a cover so that the powder was under the liquid
nitrogen surface. After the evaporation of the liquid nitrogen the powder was separated
from the milling balls.
During milling in the planetary mill, the process was interrupted for 30 min
after every 30 min long milling period in order to restrict further heat generation and
allow cooling.
The milled powders were stored in plastic bags without inert atmosphere.
The first choice of milling parameters was based on the previous experience in
the research groups using the attritor and the planetary ball mill. The milling time,
milling temperature, and RPM were then varied to optimize the microstructural
refinement of milled materials. The exact milling parameters are listed in the section
3.2. separately for each studied material.

2.1.3. Spark plasma sintering
Both atomized and milled powders were sintered by the spark plasma sintering
technology using the FCT SPS-HP25 (FCT Systeme GmbH, Effelder-Rauenstein,
Germany) and SPS 10-4 (Thermal technology, USA) devices.
The powders were placed in a graphite die with an additional graphite foil
between the die, punches and the powder in order to protect the die and punches from
reaction with the powder material. Approximately 3 g of powder were sintered into
cylindrical specimens with the dimensions approximately 20 mm in diameter and 5
mm in height. The sintering parameters were selected based on the previous experience
in the research group [119]. All samples were sintered at 425 °C for 4 min under 80
MPa. At the beginning of sintering a 5 MPa initial load was applied to press the loosely
packed powder in the die. Maintaining the pressure, the samples were free heated up
to 400 °C with a heating rate of 80 °C/min. The sintering temperature of 425 °C was
reached with a heating rate of 25 °C/min. Simultaneously, the uniaxial pressure was
increased up to 80 MPa. After the 4 min holding time, the sample was unloaded and
free-cooled.
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2.1.4. Denotation of studied samples
In order to make the reading of this thesis easier and more comfortable, the
following table (Table 3) was prepared in order to show the logic of the denotation
used throughout the text. The exact denotation of each sample will be listed during the
thesis in the related sections.
Description

Denotation

Example

Atomized powder

_AP

Al7075_AP

Milled powder, in attritor, at RT

_MP_RT

Al7075_MP_RT_3_180

Milled powder, in attritor, in LN

_MP_LN

Al7075_MP_LN_3_180

Milled powder, in planetary mill

_MP + P

Al7075_MP_RT_8_400P

Compact from atomized powder

_AC

Al7075_AC

Compact from powder milled in _MC

Al7075_MC_RT_3_180

attritor
Compact from powder milled in _MC+P

Al7075_MC_RT_8_400P

planetary ball mill
Table 3. The logic of the denotation of samples and an example.

2.2. Experimental techniques
Light microscopy, scanning electron microscopy, transmission electron
microscopy and scanning transmission electron microscopy were used to investigate
the materials microstructure. The phase composition was studied using X-ray
diffraction. Mechanical properties of powders and compacts were characterized by
microhardness measurement.

Sample preparation
For microstructural investigation and microhardness measurements, powder
particles were cold mounted into an acrylic resin. Alternatively, for scanning electron
microscopy, they were hot mounted (180 °C, 2.5 min) by conductive resin with carbon
filler. From the sintered compacts, thin samples with an area of 5 x 5 mm2 were cut
parallel to the direction of stress applied during SPS using a Struers Accutom-50
precision cut-off machine. Each sample was mechanically grinded and polished up to
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1 µm diamond past, followed by chemical polishing with SiO2 oxide polishing
suspension.

Light microscopy
The morphology and microstructure of all powders was observed by light
microscopy (LM) using a metallographic microscope Olympus GX51. Cold mounted
and polished gas atomized powders were etched with Dix-Keller reagent for 10 s to
reveal constituents.

Scanning electron microscopy
Scanning electron microscopy (SEM) was used for more detailed
microstructural

observations.

SEM

investigations,

as

secondary

electron

imaging (SE), backscattered electron imaging (BSE), electron backscattered
diffraction (EBSD) and energy dispersive spectroscopy (EDS) were performed using
a FEI Quanta 200F scanning electron microscope equipped with field emission
cathode. SE and BSE imaging were performed to study the morphology and
microstructure of samples. EBSD technique was used to determine the
crystallographic orientations of grains. Information about the grain size and its
distribution, misorientation of neighbouring grains, and type of grain boundaries was
obtained from these measurements. EDS investigations showed the elemental
composition of samples and the distribution of individual elements in the studied
samples.
For EBSD measurement, the samples were further electro-polished by
Lectropol-5 at -25 °C with 15 V for 5 s using 33% solution of nitric acid in methyl
alcohol, in order to remove a thin surface layer, which could be deformed by polishing.
SE and BSE imaging were performed at 15 kV, whereas EBSD measurement
was carried out at 10 kV in order to ensure a relatively low interaction volume of
electrons with the studied sample. In order to make a reliable statistics of grain sizes
several powder particles were tested in case of powdered material. In case of compacts
an area of 50x50 µm2 was tested in case of compacts from gas atomized powders, in
case of compacts from milled powder an area of 30x30 µm2 was tested. The EBSD
mapping step size was chosen based on a small test mapping using a step size of 0.1
µm. With the help of this step map an approximate grain size of the sample was
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estimated. Further EBSD mapping of the sample was performed with a step size which
ensured to have at least 5 tested points in a grain. Thus, step size differed for different
materials, from 0.2 to 0.01 µm. The orientation image maps from EBSD investigation
were processed using OIM Analysis program. The average grain size (area) was stated
by this program as number of points within a grain times the squared step size times a
number characterising the scanning grid. The grain diameter was evaluated supposing
circular grains. Grain disorientation was stated using the same program. Plots were
generated using angles from 5 to 65º.
High-angle grain boundary (HAGB) was stated as boundary between 15
and180°, whereas boundaries 5-15° were considered as low-angle grain boundary
(LAGB).
EDS analysis was performed using an acceleration voltage of 20 kV. Although,
this high voltage increased the interaction volume of electrons with the material,
enabled to make visible each element in the spectrum of investigated materials. The
interaction volume can be determined to be around 2 µm [204].

Transmission electron microscopy
To monitor materials microstructure in more details transmission electron
microscopy (TEM) investigation was carried out using a JEOL 2200FS microscope.
Observations in bright field (BF), dark field (DF), and selected area electron diffraction
(SAED) were performed at an acceleration voltage of 200 kV. Moreover, the scanning
transmission electron microscopy (STEM) was used for the investigation of the finest
microstructural details (carried out by JEOL 2200FS microscope in STEM mode).
High quality figures were taken with HAADF (high-angle angular dark field) detector
in STEM, showing mainly atomic number contrast.
Specimens for TEM observations were cut from powders embedded in a
conductive resin using a focused ion beam (FIB) in Zeiss Auriga scanning electron
microscope. Lamellae with a size of a few tens of microns were cut with Ga+ ions
from the interior of a chosen powder particle. The lamellae were placed with the help
of a micromanipulator on a Cu half-grid and fixed by platinum welding, where they
were further thinned by ions to electron-transparency. Samples from compacts were
grinded to the thickness of 0.1 mm and then electro-polished in Tenupol-2 under 15 V
at −15 °C in 33% solution of nitric acid in methyl alcohol.
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X-ray diffraction
The phase composition and structural changes were investigated by X-ray
diffraction (XRD) using a vertical θ-θ diffractometer D8 Discover in Bragg-Brentano
geometry with CuKα source and NiKβ radiation filter. Phase identification was done
using Diffrac.Eva with accessed PDF-2 database of crystalline phases. Quantitative
Rietveld analysis was performed by TOPAS V5 to determine the weight fraction of all
identified phases [205]. X-ray diffraction measurement of powdered samples was
carried out on non-mounted powders. Sintered samples were fully polished before
XRD observation in order to remove their surface influenced by grinding. All XRD
investigations and the data evaluation were performed at the Institute of Plasma
Physics of the Czech Academy of Sciences within a common research project GACR
15-15609S.
Fundamental Parameters Approach was used for calculation of proﬁle
broadening because of instrumental effects. Sizes of coherently diffracting domains
(CDD, or crystallite size) and microstrains were evaluated from the broadening of
diffraction peaks assuming that small crystallites and microstrains contribute to
broadening of Lorentzian and Gaussian components of pseudo-Voigt function,
respectively [206].

Microhardness measurement
To evaluate the materials’ ability to resist plastic deformation the Vickers
microhardness testing was used. Microhardness (HV) was measured using a Qness
Q10A+ automatic microhardness tester. Measurement was carried out on fully
polished samples. The microhardness of powdered materials was measured at a load
of 10 N. Each indent was applied to a different powder particle. At least 10 different
powder particles were tested. The characteristic size of indents, in case of powdered
material, was around 5-10 µm, therefore, microhardness test could be performed only
on powder particles with a polished cross section of approximately 35 µm (according
to the EN ISO 6507, in case of Al alloys the distance of indent from the samples edge
has to be 3 times the indents diameter). The load of 50 N was used for compacts
samples. In case of compacts at least 20 intents were applied with a distance of 200
µm between individual indents (according to the EN ISO 6507, in case of Al alloys
the distance between indents has to be 6 times the indents diameter).
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Heat treatment of samples
Compact samples were heat treated at 300 and 425 °C to study the thermal
stability of their microstructure. The temperature 300 °C was chosen to overage the
microstructure. Temperature 425 °C was chosen to be close to the dissolution
temperature of η phase but below the temperature which according to the previous
experiences of research group led to voids and blistering (450-475 °C).
Samples were put into ovens heated to the required temperature. After 1h of
annealing they were removed from the oven and water quenched. As the Al7075 type
alloys exhibit intensive natural aging a constant time of 1 week was maintained
between quenching from annealing temperature and further sample investigation in all
heat treated samples.
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3. Experimental results
The commercial Al7075 alloy and its modification containing 1 wt% Zr were
selected to verify the processing route consisting from gas atomization, mechanical
milling, and spark plasma sintering and to study the influence of processing parameters
on the microstructure, phase composition, and mechanical properties. The chemical
composition of gas atomized powders stated by the manufacturer is given in section
2.1. (Table 2). The composition was also verified by X-ray fluorescence analysis
which showed slightly higher contents of alloying elements. Both alloys were studied
at different stages of their processing and the results are presented in the following
sections.

3.1. Gas atomized powders
The method of LM revealed that the gas atomized powder particles of the
Al7075 and Al7075 +1 wt% Zr alloys (further referred as Al7075_AP and
Al7075Zr_AP) exhibited mostly a spherical shape, some particles were surrounded by
satellites (Figure 7).

Figure 7. The morphology of gas atomized powder particles: a) Al7075_AP, b)
Al7075Zr_AP, constituents revealed by etching with Dix-Keller solution, LM.
The powder material consisted of both coarser particles with the size up to
several tens of μm and numerous much finer powder particles with the size one order
finer as presented in Figure 8. This figure also shows that some initially spherical
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liquid droplets collided during atomization process and solidified together to form
powder particles of more complicated shapes. SEM investigation showed mostly a
cellular microstructure in both powders (Figure 9). Higher magnification
investigations revealed a segregation free microstructure in the smallest powder
particles and in the satellite regions (Figure 10).

Figure 8. The size distribution of gas atomized powder particles demonstrated on
the Al7075_AP powder, SEM-SE.

Figure 9. The cellular microstructure of gas atomized powder particles and variation
of cell size with the powder particle size: a) Al7075_AP, b) Al7075Zr_AP, SEMBSE.

54

Figure 10. The segregation free microstructure: a) in the finest powder particles in
the Al7075_AP powder, b) in satellites in the Al7075Zr_AP powder, SEM-BSE.

Figure 11. The microstructure of the largest powder particles found in both alloys:
a) Al7075_AP, b) Al7075Zr_AP, SEM-BSE.
The typical cell size is in the order of µm in both materials, however, it is
clearly dependent on the powder particle size, see Figure 9. Larger powder particles
seemed to contain larger cells, whereas a finer microstructure was observed in smaller
particles. Figure 9 shows the cross sections of powder particles, so that the true size of
powder particles is unknown. However, especially the very small powder particles are
very close to each other and it can be assumed, that the actual size of the cross sections
is in a reasonable relation to the real size of powder particles. Figure 11 documents the
microstructure of the largest powder particles found in both alloys and it can be
concluded that their cell size is comparable.
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The SEM-BSE micrographs in Figures 9-11 show mainly contrast induced by
different atomic numbers of elements (Z contrast). Thus the cell interiors contain
predominantly alloying elements with lower Z, whereas elements with higher Z are
segregated along the cell boundaries. This was confirmed also by SEM-EDS mapping.
The EDS maps for an Al7075Zr_AP powder particle revealed an increased content Mg
and Cu in intercellular regions compared to matrix (Figure 12), whereas the content of
Zn in intercellular region was only slightly higher than in the matrix. No places with
enhanced concentration of Zr atoms were observed in the Al7075Zr_AP powder. A
similar distribution of alloying elements was observed also in the Al7075_AP powder.

Figure 12. The element distribution in an Al7075Zr_AP powder particle, SEM-BSE
figure and the corresponding SEM-EDS maps.

Figure 13. Microstructural details of intercellular areas in an Al7075Zr_AP powder
particle: a) continuous-like intercellular phases, b) individual particles, TEM-BF.
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The intercellular regions documented in SEM-BSE figures were studied in
more details by TEM. As shown in Figure 13a, the intercellular segregations seem to
be mostly continuous, however, there were rarely found also places where the
intercellular regions were decorated by chains of individual particles (see Figure 13b).
Figure 14 brings the STEM-EDS maps obtained from an intercellular region of
the Al7075Zr_AP powder particle. The intercellular region which seemed to be a
continuous layer was found to consist of alternating grains of different intermetallic
phases with a size around 100 nm. It is remarkable, that in this intercellular region an
increased content of Cu can be correlated with an increased content of Al which
suggests the presence of a phase containing these two elements. A weaker correlation
can be found for Mg and Zn, both elements are evidently located also in the cell
interiors. The intercellular parts contain also a notable amount of Ga. The most Ga is
concentrated on places where also Mg exhibits an increased concentration.

Figure 14. Cell boundary regions of an Al7075Zr_AP powder particle, STEM, and
the corresponding STEM-EDS maps.
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Figure 15. The XRD patterns of gas atomized powders, Al7075_AP and
Al7075Zr_AP.
As mentioned in section 1.5.3., the  phase (Mg(Zn,Cu,Al)2) is expected to be
the main strengthening phase in the studied Al7075-based alloys. This phase was
detected in the Al7075_AP powder by XRD (Figure 15). Other phases, which might
also be present in this alloy, are below the detectability limit of the used method. In
the Al7075Zr_AP powder the intensity of diffraction peaks of the Mg(Zn,Cu,Al)2
phase is lower. Surprisingly peaks of pure Zn were detected. The weight fractions of
detected phases were evaluated by Rietveld analysis. The Al7075_AP powder was
found to contain 1.3 ± 0.1 wt% Mg(Zn,Cu,Al)2 phase, whereas Al7075Zr_AP
contained 1.1 ± 0.1 wt% of Mg(Zn,Cu,Al)2 phase and 1.9 ± 0.2 wt% Zn phase (see
Table 4). The weight fractions of intermetallic phases evaluated by the Rietveld
analysis have to be handled very carefully. The limit of detection of any second phase
particles using Cu radiation, is around 0.2 wt% [207]. Thus another phases with weight
content below 0.2 wt%, not detected by XRD, can be also present. Further,
quantification of phases with a fraction close to 1 wt% is connected with relative errors
around 20% [207]. However, these values were stated using well crystallized phases
and high accuracy measurement and analysis. Another error can be connected with the
precision of background identification and size of intermetallic phases. In case the size
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of intermetallic phases is small, the corresponding XRD peak is wide, and the choice
of background can highly affect the integrated intensity of the peak (which gives the
weight fraction of phases). Therefore, the inaccuracy of determination of wt% of
phases can be actually much higher than that presented in all through the thesis as an
experimental error.
The analysis of electron diffractograms obtained from TEM investigations
revealed also the presence of the Mg2Cu5Al6, Al2Cu and Ga2Mg phases. The Ga2Mg
intermetallic compound was found in the intercellular area presented in Figure 14. This
Ga contamination is a result of lamella preparation by FIB.
The atomized powders’ average grain sizes were determined by EBSD
measurements. Several powder particles with different sizes were investigated for both
alloys. The mean grain size was found to be around 6 µm in the Al7075_AP powder.
Figure 16 shows a representative SEM-BSE figure and the corresponding orientation
image micrograph of the Al7075_AP powder along with the distribution of grain
boundaries. It is remarkable that cells observed in coarser powder particles correspond
very well to grains and most intercellular segregations represent high-angle grain
boundaries. Another situation can be seen in smaller powder particles. The grain size
is mostly coarser than that observed in larger powder particles and the intercellular
segregations do not correspond to grain boundaries. Some very small powder particles
with cellular microstructure observed in their interior seem to be even single
crystalline.
Slightly finer and more homogeneous microstructure was observed in the
Al7075Zr_AP powder (Figure 17). The average gain size was stated to be around 4
µm. The grains are predominantly separated by high-angle boundaries, which mostly
correspond to cell boundaries (Figure 17c).
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Figure 16. The microstructure of the Al7075_AP powder: a) SEM-BSE contrast
micrograph, b) the corresponding orientation image micrograph with HAGBs in black
and c) the distribution of grain boundaries, HAGBs in blue and LAGBs in red.
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Figure 17. The microstructure of the Al7075Zr_AP powder: a) SEM-BSE contrast
micrographs, b) the corresponding orientation image micrograph with HAGBs in
black and c) the distribution of grain boundaries, HAGBs in blue and LAGBs in red.
The powders mechanical properties were characterized by microhardness. The
microhardness of the Al7075_AP powder was stated to be 127 ± 41 HV, whereas the
microhardness of the Al7075Zr_AP alloy was 97 ± 15 HV (see also Table 4). As
mentioned in section 2.2, microhardness measurement could be performed only on
powder particles with a sufficiently large cross section. Therefore, these values do not
represent the microhardness of the finer powder particles with a finer internal
microstructure or even segregation free microstructure.
Sample

Mg(Zn,Cu,Al)2

Zn

d

[wt%]

[wt%]

[µm]

Al7075_AP

1.3 ± 0.1

Al7075Zr_AP

1.1 ± 0.1

1.9 ± 0.2

HV

6

127 ± 41

4

97 ± 15

Table 4. Comparison of the weight content of second phase particles, approximate
grain size, and microhardness of gas atomized Al7075_AP and Al7075Zr_AP
powders.

3.2. Milled powders
As a next step in our research, both gas atomized Al7075_AP and
Al7075Zr_AP powders were mechanically milled in order to refine their
microstructure (decrease the grain size, dissolve the alloying elements). As the
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measure of microstructural refinement is expected to depend on the milling intensity,
it was varied. The intensity of milling can be affected predominantly by the following
parameters: milling time, RPM, and milling temperature. The influence of various
milling parameters was tested on the Al7075_AP powder using an UNION HD01 Lab
attritor using a BTP of 32:1. The list of used milling parameters is given in Table 5.
The parameters, which led to the best results were used for milling of the
Al7075Zr_AP powder.
Alloy

tmilling

RPM

Atmosphere Temperature Further designation

[h]

[min-1]

Al7075

3

180

Ar

RT

Al7075_MP_RT_3_180

Al7075

3

400

Ar

RT

Al7075_MP_RT_3_400

Al7075

8

400

Ar

RT

Al7075_MP_RT_8_400

Al7075

3

180

LN

77 K

Al7075_MP_LN_3_180

Al7075

3

400

LN

77 K

Al7075_MP_LN_3_400

Al7075Zr

3

400

Ar

RT

[°C]

Al7075Zr_MP_RT_3_400

Table 5. The parameters of milling in attritor and the powders designation.
The morphology and size of milled powder particles was studied by LM.
Figure 18 shows results of this investigation for selected milling parameters. The
milled powder particles exhibited irregular shapes and their size was increased in
comparison with gas atomized powders. Image analysis of LM micrographs showed
an increase in the size of powder particles (more exactly of their cross sections) of
about 2 times in case of the lowest milling intensity (Al7075_MP_RT_3_180). More
intensive milling (Al7075_MP_RT_3_400) led to a powder particle size increase up
to around 20 times (compare Figures 18a and b). Similar results were obtained for the
milled Al7075Zr alloy (Al7075Zr_MP_RT_3_400). Milling at cryogenic temperatures
led to much smaller increase in the powder particles size (2-5 times) (Figures 18c and
d).
All milled powder particles exhibited areas of discontinuity (see darker areas
in Figure 18b, inside the powder particles), which are pores induced by milling. All
these changes, i.e. the irregular morphology, size increment, and porosity reflect
repeated fracture and cold welding during the milling process.
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Figure 18. Comparison of the morphology and size of powder particles: a)
Al7075_AP,

b)

Al7075_MP_RT_3_400,

c)

Al7075_MP_LN_3_180,

d)

Al7075_MP_LN_3_400, LM.
SEM revealed the microstructure of milled powder particles at higher
magnification (Figure 19). In case of lower milling intensity (180 RPM for 3h at RT)
the cellular microstructure of former gas atomized powder particles is still
recognizable, see Figure 19a and Figure 19c (in higher magnification). More intensive
milling, e. g. increased RPM or decreased milling temperature, resulted in a complete
destruction of the initial microstructure (Figure 19b). However, places with increased
concentration of higher atomic number atoms were recognized on SEM-BSE figures
in all cases (see Figure 19d). Beside these areas also numerous pores (dark areas in
Figures 19c,d inside the powder particles) are visible.
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Figure

19.

The

typical

Al7075_MP_RT_3_180,

b)

microstructure

of

milled

Al7075_MP_RT_3_400,

powder
and

their

particles:

a)

details,

c)

Al7075_MP_RT_3_180, d) Al7075_MP_RT_3_400, SEM-BSE.
The evolution of phase composition with varying milling parameters was
studied by XRD. The comparison of XRD patterns for a gas atomized Al7075_AP
powder and one milled powder (Al7075_MP_RT_3_400) is presented in Figure 20a.
A similar comparison of XRD pattern for a gas atomized and milled powder of the Zrcontaining alloy is presented in Figure 21. Figure 20b presents the detail of the XRD
pattern of Al7075_MP_RT_3_180 powder between the Al peaks.
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Figure 20. The result of XRD measurement a) comparison of XRD pattern of the gas
atomized Al7075_AP powder and one milled powder (Al7075_MP_RT_3_400) of
Al7075 alloy and b) detail of XRD pattern for another milled powder
(Al7075_MP_RT_3_180).
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Figure 21. Comparison of XRD pattern of the gas atomized powder (Al7075Zr_AP)
and one milled powder (Al7075Zr_MP_RT_3_400) of Al7075Zr alloy.
Figures 20 and 21 present a reduction/loss of XRD peaks of non-matrix phases
induced by milling. Although the presence of η phase is not visible in the full height
XRD patterns as Figure 20a, there are very small peaks corresponding to this phase
(see Figure 20b). However, as these peaks are very low and wide, the fraction of this
η phase is at the limit of detectability. This was the case in all milled powders of
Al7075

alloy,

therefore,

their

weight

fraction

was

not

evaluated.

In

Al7075Zr_MP_RT_3_400 a relatively low peak corresponding to pure Zn was found.
Its content was evaluated by Rietveld analysis to be 0.9 ± 0.3 wt%, i.e. about half of
that observed in the gas atomized Al7075Zr_AP powder. In case of the Zr-containing
alloy, a slight shift of the Al XRD peaks to higher angles is also observable. Milling
caused a remarkable broadening of diffraction peaks corresponding to the Al matrix.
The results of Rietveld analysis of the Al diffraction line broadening were performed
and the resulting sizes of crystallites in the matrix phase are listed in Table 6.
The evaluation of the grain size using EBSD method failed in all milled
powders. No orientation image micrograph could be prepared from any powder milled
in attritor, probably because of their too fine structure. Therefore, no direct information
on the grain size of milled powders is available. In this case the evaluation of the CDD
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from diffraction line broadening represents an alternative method. Such evaluation is
possible only in case when the CDD is below about 400 nm [208]. This requirement
was definitely not fulfilled in the gas atomized powders. The crystallite size evaluated
for all milled powders is between 50 and 70 nm. Although the CDD size cannot be
directly correlated with the grain size, the comparison of data obtained in gas atomized
and milled powders shows a remarkable size refinement induced by milling.
Sample

CDD size

HV

[nm]
Al7075_MP_RT_3_180

67 ± 10

136 ± 40

Al7075_MP_RT_3_400

55 ± 10

216 ± 20

Al7075_MP_RT_8_400

53 ± 10

229 ± 29

Al7075_MP_LN_3_180

71 ± 10

188 ± 21

Al7075_MP_LN_3_400

50 ± 10

220 ± 20

Al7075Zr_MP_RT_3_400

57 ± 10

219 ±20

Table 6. Comparison of crystallite sizes and microhardness of powders milled in
attritor.
The average microhardness values with the corresponding standard deviations
are listed in Table 6. It is clear that milling led to an increase in microhardness in all
milled powders in comparison with the gas atomized counterparts. In case of milling
at room temperature, the microhardness increased with increasing RPM. On the other
side, the influence of milling time was less important. Cryomilling in liquid nitrogen
accelerated the powder strengthening at low RPM, the influence of decreased milling
temperature was negligible at higher RPM. The highest microhardness value of 229
HV was found in the Al7075_MP_RT_8_400 powder, however, samples
Al7075_MP_RT_3_400 and Al7075_MP_LN_3_400 exhibited a microhardness very
close to this value, 216 resp. 220 HV. The microhardness values measured in the
milled Al7075Zr_MP_RT_3_400 powders were very close to those of the
Al7075_MP_RT_3_400 powder.
Milling of both Al7075_AP and Al7075Zr_AP powders was alternatively
carried out in a planetary ball mill. Milling was performed for 8 h with 400 RPM in
Ar atmosphere with BTP 40:1. The planetary ball milled powders will be further
referred

as

Al7075_MP_RT_8_400P

and
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Al7075Zr_MP_RT_8_400P.

LM

investigation revealed that milling led to irregularly shaped, in size increased powder
particles (Figure 22, figures taken at the same magnitude as Figure 18). Image analysis
of LM micrographs showed an increase in the size of powder particles induced by
milling. The powder particles of Al7075_MP_RT_8_400P exhibited a size increase of
about 30-times, whereas in case of Al7075Zr_MP_RT_8_400P powder the size
increase was found to be around 15-times.

Figure 22. The morphology and size of planetary ball milled powder particles: a)
Al7075_MP_RT_8_400P, b) Al7075Zr_MP_RT_8_400P, LM.
SEM-BSE investigations showed the presence of some particles with a size up
to several µm with Z higher than that of the matrix around (Figure 23). Some of these
particles (visible as black particles also in LM micrographs in Figure 22) are denoted
by black arrows. As remarkable from Figure 23, the Al7075_MP_RT_8_400P powder
contains much more of these particles than the Al7075Zr_MP_RT_8_400P powder.
The elemental composition of these particles was studied by SEM-EDS measurement.
The investigation showed that these particles contained Ni and Ti. They were
implanted into the milled powder during the milling process from the vessel, where
they were present as impurities from the preceding milling process. SEM-EDS
mapping showed a homogeneous distribution of Zn, Mg, Cu, and Al (within the limit
of resolution of the used technique) in both materials. This is presented in Figure 24
for the Al7075Zr_MP_RT_8_400P powder.
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Figure 23. The microstructure of planetary ball milled powder particles:
a) Al7075_MP_RT_8_400P, b) Al7075Zr_MP_RT_8_400P powder, SEM-BSE.

Figure 24. The contaminating particles in the milled Al7075Zr_MP_RT_8_400P
powder, SEM-BSE and SEM-EDS.
As in case of powders milled in attritor, it was not possible to obtain orientation
image maps and to determine the grain size by EBSD. Therefore, and due to nonvisible Zn and Mg containing second phase particles in SEM-BSE/EDS figures, the
TEM investigation of both planetary milled powders was performed. TEM
investigation of the Al7075_MP_RT_8_400P powder revealed elongated 50 - 200 nm
grains (Figure 25a). At even higher magnification, nanometer-sized second phase
particles were found predominantly along grain boundaries (Figure 25b). According
to STEM-EDS investigations, these particles were rich on Mg and Zn. TEM
investigations of the milled Al7075Zr_MP_RT_8_400P powder showed also
elongated grains, their size was even smaller - between 20 and 100 nm (Figure 26a).
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No second phase particles were found between the grains (Figure 26b). The size of
elongated grains stated from TEM is in a good agreement with the crystallite size 90
and 64 nm determined from the analysis of the XRD peaks broadening for both
planetary ball milled powders (see Table 7).

Figure 25. The microstructure of the Al7075_MP_RT_8_400P powder: a) elongated
grains, TEM-BF, b) small second phase particles between the grains, HAADFSTEM.

Figure 26. The microstructure of the Al7075Zr_MP_RT_8_400P powder: a)
elongated grains, TEM-BF, b) the absence of small second phase particles between
the grains, HAADF-STEM.
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The powders phase composition was studied by XRD technique. Figures 27
and 28 present the changes induced by planetary ball milling of both alloys. Milling
led to reduction or loss of non-matrix XRD peaks. The XRD peaks of η phase in the
planetary milled Al7075 powder were at the limit of detectability, in the Zr-containing
powder even below this limit. The weight fraction of the η phase was, therefore, not
evaluated. XRD showed no peaks for Ni and Ti contaminating particles, their weight
fraction is probably below the detectability limit. Similarly to powders milled in
attritor, milling induced a remarkable broadening of XRD peaks of the Al-matrix in
both powders. The CDD sizes evaluated from this broadening are below 100 nm and
correspond very well to the grain sizes evaluated from TEM micrographs. In the
Al7075Zr powder, planetary milling led also to a slight displacement of matrix XRD
peaks to higher angles.

Figure 27. Comparison of XRD pattern of the gas atomized Al7075_AP powder and
planetary ball milled Al7075_MP_RT_8_400P powder.
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Figure 28. Comparison of XRD pattern of the gas atomized Al7075Zr_AP powder
and planetary ball milled Al7075Zr_MP_RT_8_400P powder.
Both planetary ball milled powders were tested by microhardness
measurement. The results are listed in Table 7. The microhardness of powders was
found to be exceptionally high, above 300 HV in both alloys.
Sample

d

CDD size

HV

[nm]

[nm]

Al7075_MP_RT_8_400P

50 – 200

90 ± 10

327 ± 32

Al7075Zr_MP_RT_8_400P

20 - 100

64 ± 10

343 ± 25

Table 7. Comparison of the grain size evaluated by TEM, crystallite size of the Al
matrix and microhardness of planetary ball milled powders of Al7075 and Al7075Zr
alloys.

3.3. Spark plasma sintered compacts from gas atomized powders
SPS of gas atomized Al7075 and Al7075Zr alloys’ powder was carried out at
425 °C for 4 min with 80 MPa using a FCT SPS-HP25 device. These sintering
parameters were chosen based on previous experience of research group working with
this SPS device, see [119]. Sintering led to nearly full density compacts which will be
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further referred to as Al7075_AC and Al7075Zr_AC. The porosity of both compacts
was determined from image analysis of SEM micrographs (taken on samples polished
up to 1 μm) to be below 1 vol%.
The microstructure of both compacts is shown in Figures 29 and 30 in SEMBSE contrast. Former powder particles are still recognisable in both compacts, to make
this more apparent, some former powder particles are highlighted in Figure 29a by
white curves. A comparison of Figures 29a and 30a makes visible a higher fraction of
fine second phase particles in the Al7075_AC sample. Figures 29b and 30b show the
boundary region of original gas atomized particles in higher magnification. The
boundaries of former atomized powder particles of the Al7075 alloy become at some
places decorated by precipitates with a size up to 1 µm (see blue arrows in Figure 29b).
Further, the initially continuous layers of intermetallic phases inside the powder
particles were rearranged into a semi-continuous network of second phase particles
(see the chains of second phase particles in the lower half of Figure 29b). Such semicontinuous networks could be rarely seen in Al7075Zr alloys compact, in this sample
the continuous layers of intermetallic phases were replaced by distinct second phase
particles (Figure 30b).

Figure 29. The microstructure of the Al7075_AC compact: a) the former powder
particles, b) detail of powder particles boundary and chains of second phase particles,
SEM-BSE.
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Figure 30. The microstructure of the Al7075Zr compacts: a) the former powder
particles, b) detail of powder particles boundary and the second phase particles, SEMBSE.
Some discontinuities in materials’ matrix are visible in Figures 29a and 30a
(some of them denoted by red arrows). These are not necessarily pores remained after
incomplete sintering, they could be formed by pull-out of phases during materials final
metallographic preparation with colloidal silica. This can be explained by the fact, that
they are inside of the original powder particles, at the intercellular boundary (red
arrows in Figure 29a).
A more detailed insight into the compacts’ microstructure and phase
composition was obtained using TEM. Figure 31 shows TEM micrographs of the
Al7075_AC sample. Large precipitates up to 1 μm in size were found between former
individual powder particles. These particles were identified by SAED as the η phase.
One of these particles is in Figure 31a denoted by red arrow. Figure 31b shows a part
of the chain like arrangement of various second phase particles with a size of several
tens to hundreds nm. Moreover, also grains with a dense distribution of small nm sized
second phase particles in their interior, and precipitation-free zone along grain
boundaries were found (Figure 31c).
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Figure 31. The microstructure of the Al7075_AC compact: a) coarse second phase
particle, b) the chain like arrangement of second phase particles, c) dense
distribution of fine second phase particles, TEM-BF.
Similar microstructure was observed also in the Al7075Zr_AC sample. Figure
32a shows a cell interior with several small second phase particles arranged into arrays.
TEM-EDX analysis revealed an increased content of Mg, Cu, and more rarely also Zn
in distinct particles. Thus it can be supposed that these second phase particles are of
Mg(Zn,Cu,Al)2 and Al2CuMg type. A dense and homogeneous distribution of nmsized Al3Zr particles was found in some grains (see Figure 32b), however, at other
places the Al3Zr particles were found to be arranged into a fan-shape structure. Such a
fan shape arrangement is presented in Figure 32c in dark fields contrast mode, which
enabled better visibility of the structure. Electron diffraction analysis revealed that
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these particles are formed by the metastable modification of the Al3Zr phase with L12
structure.

Figure 32. The microstructure of the Al7075Zr_AC compact: a) precipitates
arranged into chains, b) homogeneous distribution of nm-sized Al3Zr, TEM-BF, c)
Al3Zr particles arranged into a fan-shaped structure, TEM-DF.
The changes in phase composition induced by SPS were investigated by XRD.
Figure 33 presents the comparison of XRD patterns for the gas atomized Al7075_AP
powder and the corresponding Al7075_AC compact. Figure 34 shows the comparison
of XRD patterns for the gas atomized Al7075Zr_AP powder and the corresponding
Al7075Zr_AC compact. The SPS induced alteration of second phase particle content
was evaluated from XRD pattern by Rietveld analysis, the results are listed in Table
8. SPS led to dissolution of Zn phase along with precipitation of η and S second phase
particles.
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Figure 33. Comparison of XRD pattern of the Al7075_AC compact and the
corresponding gas atomized Al7075_AP powder.

Figure 34. Comparison of XRD pattern of the Al7075Zr_AC compact and the
corresponding gas atomized Al7075Zr_AP powder.
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Sample

Mg(Zn,Cu,Al)2

Al2CuMg

d

HV

[wt%]

[wt%]

[µm]

Al7075_AC

4.2 ± 0.2

0.8 ± 0.2

5.2 ± 1.7

151 ± 3

Al7075Zr_AC

1.4 ± 0.1

1.1 ± 0.2

3.4 ± 1.1

171 ± 6

Table 8. Comparison of weight content of second phase particles, grain size, and
microhardness of compacts prepared from gas atomized powders, samples
Al7075_AC and Al7075Zr_AC.
The EBSD method was used for the evaluation of the grain size and of the
character of grain boundaries. Figures 35a and 36a show the orientation image
micrographs of the Al7075_AC and Al7075Zr_AC samples with HABGs in black.
Black, i.e. non-diffracting regions correspond in both figures most probably to coarse
precipitates of intermetallic phases observed by SEM-BSE. The EBSD data were used
for the evaluation of the grain size distribution (Figure 37). It is apparent that the grain
size is coarser and the distribution of grain sizes is broader and displaced to larger
values in the Al7075_AC compact compared to the Al7075Zr_AC compact. Whereas
the Al7075_AC compact exhibits a broad maximum of the grain size distribution
between 4 and 10 µm, a high fraction of 2-4 µm sized grains was observed in the
Al7075Zr_AC compact. The average grain sizes of 5.2 ± 1.7 µm and 3.4 ± 1.1 µm
were evaluated for the Al7075_AC and Al7075Zr_AC compacts, respectively.
Figures 35b and 36b show the distribution of low- and high-angle grain
boundaries in both samples, HAGBs in blue and LAGBs in red. These figures reveal
clearly the original powder particles. The new boundaries formed during SPS at
contact points of original powder particles are high-angle grain boundaries. Most
grains inside these original particles are also separated by high-angle grain boundaries.
Similarly to the gas atomized powder, some smaller original powder particles are
composed of a small number of relatively coarse grains or are even single crystalline.
On the other side, the finest grains were observed at places between original coarse
powder particles (see red arrows in Figures 35b and 36b). The high fraction of HAGBs
(close to 90%) is remarkable also from Figure 38, which presents the distribution of
misorientation angles in both compacts. The distribution functions are nearly identical
for both materials and agree well with the distribution function for random
misorientation (when all relative orientations of neighbouring grains are equally
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probable) of grains in cubic materials [209]. A small deflection from this Mackenzie
distribution is present in the range of small angles.

Figure 35. The results of EBSD investigation of the Al7075_AC compact: a)
orientation image figure with HAGBs in black, b) the distribution of grain
boundaries, HAGBs in blue and LAGBs in red.

Figure 36. The results of EBSD investigation of the Al7075Zr_AC compact:
a) orientation image figure with HAGBs in black, b) the distribution of grain
boundaries, HAGBs in blue and LAGBs in red.

79

Figure 37. The distribution of grain sizes in compacts sintered from gas atomized
powders.

Figure 38. The distribution of misorientation angles in compacts sintered from gas
atomized powders.
The microstructural changes caused by the SPS process were reflected also in
the evolution of microhardness. The microhardness of both compacts was found to be
higher compared to the values measured for the corresponding gas atomized powder,
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151 ± 3 HV and 171 ± 6 HV for the Al7075_AC and Al7075Zr_AC compacts,
respectively (see also Table 8).

3.4. Spark plasma sintered compacts from milled powders
Powders milled in attritor were compacted at 425 °C for 4 min with 80 MPa
using a SPS 10-4 device, similar to that used to sinter the gas atomized powder.
Compacts will be further denoted with a sign derived from the mark of powder material
by changing the MP in their sign to MC. SPS led to dense compacts with a porosity
below 1 vol% in each case as determined from image analysis of SEM micrographs
(taken on samples polished up to 1 μm).
The microstructure of all compacts was investigated by SEM-BSE method and
the materials milled for 3 hours were selected for comparison (Figure 39). The rests of
original cellular microstructure observed in the powder milled at RT with 180 RPM
were also retained in the Al7075_MC_RT_3_180 compact (Figure 39a). The
boundaries of original powder particles are decorated by precipitates of the size of
several hundreds of nm. Much finer precipitates are located in the interior of original
powder particles. Figures 39b and c document an increasing fraction and size of
precipitates in the Al7075_MC_LN_3_180 and Al7075_MC_RT_3_400 compacts,
i.e. in materials previously milled at decreased temperature or at higher RPM. Curved
strips containing finer precipitates are encompassed by larger second phase particles
with a size close to 1 μm. The microstructure of the Zr-containing
Al7075Zr_MC_RT_3_400 compact is much more homogeneous, curved strips of
coarser precipitates can be rarely seen and the size of these coarser precipitates is
slightly lower (around 0.5 μm) (Figure 39d).
The changes in phase composition induced by SPS were investigated by XRD.
Only the presence of η and S phases in case of material without Zr addition was
detected. The compacts sintered from milled Al7075Zr powder were found to contain
beside η phase also Al3Zr. The results of Rietveld analysis are summarized in Table 9.
A remarkably increased weight fraction of the η particles up to nearly 6 wt% was
observed. It seems that the weight fraction of this phase increases with increasing
intensity of milling, i.e. especially with increasing RPM and decreasing milling
temperature.
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Figure 39. The microstructure of SPS compacts from powders milled in attritor at
different parameters: a) Al7075_MC_RT_3_180, b) Al7075_MC_LN_3_180, c)
Al7075_MC_RT_3_400, d) Al7075Zr_MC_RT_3_400, SEM-BSE.
Figures 40 and 41 compare XRD patterns of selected compacts prepared from
attritor milled powders with those prepared from gas atomized powders. The figures
present graphically the increased weight fraction of second phases in compacts
prepared from milled powders.
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Figure 40. The comparison of XRD patterns of the Al7075_AC compact prepared
from gas atomized powder and the Al7075_MC_RT_3_400 compact prepared from
a powder milled in attritor.

Figure 41. The comparison of XRD patterns of the Al7075Zr_AC compact prepared
from gas atomized powder and the Al7075Zr_MC_RT_3_400 compact prepared
from a powder milled in attritor.
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The compacts’ grain structure was studied by EBSD measurement. Figure 42
a-f shows the orientation image maps for the same SPS compacts as in Figure 39, i.e.
for compacts prepared from powders milled for 3 hours at different conditions. The
non-homogeneous microstructure of SPS compacts presented in Figure 39 is reflected
also in the grain size distribution. The largest non-homogeneity was observed in the
Al7075_MC_RT_3_180 compact prepared from the powder milled with the lowest
intensity. The rests of original cellular microstructure are still recognizable, see the
right upper corner of Figures 42a, where the size of some grains exceeds even 10 μm.
Other places containing much finer grains of the size close to 1 m were also observed.
Increasing intensity of milling (lower milling temperature in Figure 42c or higher RPM
in Figure 42e) results in the formation of curved strips of coarser grains with the size
up to 5 m encompassed by fine grained regions. The microstructure of the Zrcontaining compact is very homogeneous with most grains of the size slightly below
1 μm. The average grain sizes evaluated from orientation image micrographs are
summarized in Table 9. The differences among different compacts are relatively small,
however, there are differences in the distribution of grain sizes (Figure 43). As already
mentioned above the microstructure homogeneity increases with increasing intensity
of milling. The Al7075_MC_RT_3_180 compact prepared from the powder milled
with the lowest intensity exhibits a broad distribution of grain sizes and numerous
coarser grains. Much narrower distribution and only very scarce larger grains were
observed in the Al7075_MC_RT_8_400 compact prepared from the powder milled
with the highest intensity. A positive influence of Zr can also be observed. The
Al7075Zr_MC_RT_3_400 compact contains only fine grains with a size below 2 μm.
Figures 42 documents that most grains are divided by high-angle grain
boundaries. The distributions of misorientation angles for all compacts prepared from
powders milled in attritor are shown in Figure 44. It is evident that there are no
significant differences in the distribution of misorientation angles in selected
compacts. The distributions are almost identical with the distribution for random
misorientation of grains in cubic materials [209], showing on no directionality caused
by the pressure during SPS. The fraction of high-angle boundaries was determined to
be between 92 and 95% in all studied compacts.
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Figure 42. The orientation image micrographs and distribution of grain boundaries
(HAGBs in blue and LAGBs in red) of SPS compacts from powders milled in attritor
at different parameters: a,b) Al7075_MC_RT_3_180, c,d) Al7075_MC_LN_3_180,
e,f) Al7075_MC_RT_3_400, g,h) Al7075Zr_MC_RT_3_400.

Figure 43. The distribution of grain sizes of compacts sintered from powders milled in
attritor.
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Figure 44. The distribution of misorientation angles of compacts sintered from
powders milled in attritor.
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Figure 45. Correlation between the distribution of second phase particles and grains
for sample Al7075_MC_RT_3_180: a) orientation image micrograph with HAGBs in
black, b) the corresponding SEM-BSE figure, and c) the investigated area in lower
magnification.
Due to the non-homogeneous distributions of second phase particles (Figure
39) and grain sizes (Figure 42) a new EBSD investigation was carried out to correlate
the position of second phase particles and grains of different sizes. The
Al7075_MC_RT_3_180 compact was chosen for this experiment. Figure 45a displays
the orientation image micrograph of a selected area (Figure 45b). Figure 45c displays
the investigated are in lower magnification, where it is highlighted by red square. A
comparison of figures makes clear, that the large grains belong to cellular-like areas
which seem to be remained from the slightly deformed gas atomized powder. The area
with small grains can be correlated with the area of large irregularly shaped second
phase particles. Similar distribution of small grains is expected to occur also in other
compacts prepared from powder milled in attritor.
The results of microhardness measurements are summarized in Table 9.
Values close to 120 HV were found in all compacts of Al7075 alloy, within the
experimental error independent of the milling parameters. The microhardness of the
Zr containing compact is higher – close to 140 HV. Comparison of microhardness
values measured in SPS compacts with those for corresponding milled powders (Table
6) shows that SPS resulted in a drop of microhardness. This behaviour is opposite to
compacts prepared from atomized powders where SPS resulted in an increase in
microhardness (Table 4 and 8). Further, the microhardness measured for the compacts
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prepared from the powders milled in attritor are below those measured in the compacts
prepared from the gas atomized powders (Table 8).
Mg(Zn,Cu,Al)2

Al3Zr

Al2CuMg

d

[wt%]

[wt%]

[wt%]

[µm]

HV

Al7075_MC_RT_3_180

3.6 ± 0.1

3.0 ± 0.9

125 ± 6

Al7075_MC_RT_3_400

5.0 ± 0.2

1.7 ± 0.5

122 ± 3

Al7075_MC_RT_8_400

5.6 ± 0.3

1.1 ± 0.4

118 ± 4

Al7075_MC_LN_3_180

4.0 ± 0.2

1.9 ± 0.6

123 ± 6

Al7075_MC_LN_3_400

5.7 ± 0.3

1.1 ± 0.3

129 ± 5

Al7075Zr_MC_RT_3_400

3.6 ± 0.2

0.9 ± 0.3

139 ±5

1.2 ± 0.1
1.2 ± 0.1

Table 9. Comparison of weight content of different second phases, average grain size,
and microhardness of compacts prepared from powders milled in attritor.
Planetary

ball

milled

powders,

Al7075_MP_RT_8_400P

and

Al7075Zr_MP_RT_8_400P were compacted by SPS at 425 °C for 4 minutes with
80 MPa using a SPS 10-4 device. Both compacts exhibited extremely low porosity,
0.4

vol%

in

the

Al7075_MC_RT_8_400P

and

0.16

vol%

in

the

Al7075Zr_MC_RT_8_400P compacts as determined by image analysis of SEM
micrographs.
Figures 46 and 47 show the microstructure of both compacts in SEM-BSE
contrast. The compacts microstructure is homogeneous, except the contaminating
particles containing Ni and Ti (Figures 46a and 47a). As mentioned in Section 3.2.,
these Ni and Ti rich particles were introduced into the powder during its milling from
the milling jar. At higher magnification (Figures 46b and 47b), precipitates of two size
scales can be distinguished. Precipitates with a size up to 1 µm alternate with much
smaller ones. SEM-EDS mapping, performed on the Al7075Zr_MC_RT_8_400P
compact showed the presence of Zn, Mg and Cu in the larger precipitates (Figure 48).
The composition of the smaller second phase particles could not be stated by SEMEDS due to their small size.
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Figure 46. The microstructure of the Al7075_MC_RT_8_400P compact prepared
from the planetary ball milled powder: a) overview, b) its detail, SEM-BSE.

Figure 47. The microstructure of the Al7075Zr_MC_RT_8_400P compact prepared
from the planetary ball milled powder: a) overview, b) its detail, SEM-BSE.
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Figure 48. Element distribution in the Al7075Zr_MC_RT_8_400P compact, SEMBSE figure and the corresponding SEM-EDS maps.
The microstructure was studied in more details by TEM. The microstructure of
the Al7075_MC_RT_8_400P compact consists of fine equiaxed grains alternating
with relatively large second phase particles between the individual grains (Figure 49a).
The second phase particles become better visible in STEM-HAADF showing mainly
Z contrast (Figure 49b). This investigation revealed, that beside the large, several
hundred nm sized second phase particles along grain boundaries, also finer, several
tens of nm sized second phase particles are present inside the grains.

Figure 49. The microstructure of the Al7075_MC_RT_8_400P compact prepared
from the planetary ball milled powder: a) TEM-BF, b) STEM-HAADF.
A homogeneous microstructure and fine equiaxed grain structure was observed
in the Al7075Zr_MC_RT_8_400P compact (Figure 50a). Beside the large second
91

phase particles between the grains and the smaller ones inside the grains, also nm sized
Al3Zr particles with L12 structure (determined from electron diffraction – see the inset
in Figure 50b) inside grains were found (Figure 50b). STEM investigation also
revealed a semicontinuous MgO layer present along boundaries of former powder
particles,

as

presented

on

STEM-EDS

maps

in

Figure 51

for

the

Al7075Zr_MC_RT_8_400P compact. Precipitates, visible on the STEM figure on
Figure 51 were identified by spot TEM-EDS measurement to be most probably Al3Zr,
MgZn2 and Al2CuMg phase.

Figure 50. The microstructure of the Al7075Zr_MC_RT_8_400P compact prepared
from the planetary ball milled powder: a) overview, b) its detail, TEM-BF.

Figure

51.

STEM

image

of

the

MgO

layer

observed

in

Al7075Zr_MC_RT_8_400P compact and the corresponding STEM-EDS maps.

92

the

The phase composition of compacts prepared from planetary ball milled
powders was studied by XRD. Similarly to compacts prepared from powders milled
in attritor, an increase in wt% of the η phase was observed in comparison with the
corresponding milled powders (Figures 52 and 53). Additionally, the S phase was
detected in Al7075_MC_RT_8_400P compact and the Al3Zr phase was found in the
Zr-containing compact. Results of Rietveld analysis of XRD pattern are listed in
Table 10.

Figure 52. Comparison of XRD pattern of the Al7075_MC_RT_8_400P compact
and the corresponding Al7075_MP_RT_8_400P powder.
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Figure 53. Comparison of XRD pattern of the Al7075Zr_MC_RT_8_400P compact
and the corresponding Al7075Zr_MP_RT_8_400P powder.
The compacts’ grain structure was studied by EBSD measurement. Figures 54
and 55 show very fine grain sizes in both compacts. The Zr-containing compact
exhibits a smaller grain size (0.34 ± 0.09 μm) than the compact without Zr (0.55 ± 0.24
μm) (Table 10). Comparing to the grain sizes of the corresponding milled powders
(Table 7) it is visible, that SPS resulted in grain coarsening. Nevertheless, the grain
sizes determined for these compacts remain in the sub-microcrystalline range and are
below those measured in compacts prepared from powders milled in attritor (Table 9)
or gas atomized powders (Table 8). Figure 56 presents the distribution of grain sizes
in both compacts prepared from planetary ball milled powders. This distribution is
very narrow in both samples. No grains with the size exceeding 0.6 μm were detected
in the selected field in the Zr-containing compact. Figures 54b show, that most grains
are divided by high-angle grain boundaries. The fraction of HAGBs is around 90% in
both compacts. Figure 57 shows, that the misorientation angles distribution is very
similar in both compacts. Similarly to the compacts described previously, it is almost
identical with the distribution function for random misorientation of grains in cubic
materials [209], showing on no directionality caused by the pressure during SPS.
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Figure 54. The results of EBSD investigation of the Al7075_MC_RT_8_400P
compact: a) orientation image figure with HAGBs in black, b) the distribution of
grain boundaries, HAGBs in blue and LAGBs in red.

Figure 55. The results of EBSD investigation of the Al7075Zr_MC_RT_8_400P
compact: a) orientation image figure with HAGBs in black, b) the distribution of
grain boundaries, HAGBs in blue and LAGBs in red.
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Figure 56. The distribution of grain sizes in compacts sintered from planetary ball
milled powders.

Figure 57. The distribution of misorientation angles in compacts sintered from
planetary ball milled powders.
The microhardness exceeding 300 HV which was found in planetary ball
milled powders decreased in SPS compacts to values below 200 HV (see Table 10).
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Nevertheless, these values are still above those measured for the compact prepared
from gas atomized powder or from powder milled in attritor.
Mg(Zn,Cu,Al)2 Al2CuMg
[wt%]

[wt%]

Al7075_MC_RT_8_400P

4.5 ± 0.6

1.6 ± 0.2

Al7075Zr_MC_RT_8_400P

3.6 ± 0.5

Al3Zr

d

[wt%]

[µm]

1.0 ± 0.1

HV

0.55 ± 0.24

161 ± 7

0.34 ± 0.09

195 ± 8

Table 10. Comparison of weight content of second phases, average grain size, and
microhardness of compacts prepared from planetary ball milled powders.

3.5. High temperature stability of compacts
As mentioned in the paragraph 1.5.3., exposition of Al7075-based alloys to
elevated temperatures can significantly change their phase composition, the size and
distribution of strengthening particles, the grain size, and thus also the strength
characteristics. Especially a strength drop observed after exposition to temperatures
above around 200 °C limits the commercial utilization of these alloys.
The stability of all compact was tested by isochronal annealing for 1 h at 300
and 425 °C followed by water quenching. These temperatures should correspond to
regions of overageing (300 °C) and partial dissolution (425 °C). Figures 58 and 59
document the microstructure evolution in the Al7075_AC and Al7075Zr_AC
compacts prepared from gas atomized powders due to their heat treatment. The
microstructure changes in both compacts are similar. From the SEM-BSE figures it is
remarkable, that annealing at 300 °C increased the content of second phase particles
(Figures 58b, 59b), whereas annealing at 425 °C led to dissolution of most smaller
precipitates and coarsening of some larger particles. A mixture of coarse second phase
particles of several µm in size and smaller rod like particles was observed in both
materials (Figure 58c, 59c).
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Figure 58. The microstructure of the Al7075_AC compact: a) naturally aged, nonannealed, b) annealed for 1h at 300 °C, c) annealed for 1h at 425 °C, SEM-BSE.
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Figure 59. The microstructure of the Al7075Zr_AC compact: a) naturally aged, nonannealed, b) annealed for 1h at 300 °C, c) annealed for 1h at 425 °C, SEM-BSE.

Figure 60. Comparison of XRD patterns of non-heat treated Al7075_AC compact
with the patterns of Al7075_AC compact heat treated at 300 and 425 °C.
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Figure 61. Comparison of XRD patterns of non-heat treated Al7075Zr_AC compact

Mg(Zn,Cu,Al)2

Al2CuMg

d

[wt%]

[wt%]

[µm]

3.7 ± 0.2

0.7 ± 0.2

5.2 ± 1.7

151 ± 3

Al7075_AC

annealed
1h 300 °C

5.4 ± 0.3

0.9 ± 0.1

4.7 ± 1.5

82 ± 1

1h 425 °C

1.7 ± 0.1

1.4 ± 0.1

6.1 ± 1.8

125 ± 2

Al7075Zr_AC

with the patterns of Al7075Zr_AC compact heat treated at 300 and 425 °C.

Non-

1.4 ± 0.1

1.1 ± 0.2

3.4 ± 1.1

171 ± 6

1h 300 °C

4.3 ± 0.2

1.2 ± 0.1

3.6 ± 1.2

114 ± 3

1h 425 °C

0

1.5 ± 0.2

3.8 ± 1.2

172 ± 7

Non-

HV

annealed

Table 11. The influence of heat treatment on the phase composition, average grain
size, and microhardness of SPS compacts prepared from gas atomized powders.
The changes in the compacts phase composition induced by heat treatment
were traced by XRD method (Figures 60, 61). The results of Rietveld analysis are
listed in Table 11. The results confirmed an increase in the weight fraction of the η
phase during annealing at 300 °C. Annealing at 425 °C led to a decrease of the content
of η phase. Simultaneously a slight increase in the weight fraction of the S phase was
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observed (Table 11). This table summarizes also the values of average grain size
determined from orientation image micrographs. It can be seen that the grain size is
stable (within a standard deviation) even during annealing at 425 °C. Heat treatment
influences significantly the microhardness of both compacts. Relatively high values
observed in the naturally aged, non-annealed compacts are reduced during annealing
at 300 °C. On the other side, annealing at 425 °C results in a repeated increase in
microhardness of both compacts. In the Zr-containing compact, the microhardness of
the sample annealed at 425 °C reaches the one observed in the initial non-treated
sample.
Based on the results given above, the compacts prepared from milled powders
were annealed only at 425 °C in order to study the stability of their grain size and
evolution of microhardness. The microstructural changes caused by annealing were
very similar in all compacts prepared from powders milled in attritor, independently
of the parameters of milling. Figure 62 documents the typical massive redistribution
of

higher

atomic

number

alloying

elements

during

annealing

of

the

Al7075_MC_LN_3_180 compact prepared from the cryomilled powder. Similar
changes can be seen on Figure 63 documenting the evolution of microstructure of
Al7075Zr_MC_RT_3_400 sample. The smallest second phase particles seem to be
dissolved, whereas the larger ones remained undissolved, some of them grew. XRD
analysis (Figure 64 and 65) of annealed compacts was performed only for the two
sample presented in Figures 62 and 63. Rietveld analysis showed a decreased content
of η phase to values around 2 wt%, whereas S phase was formed in both compacts
(content around 1.5 wt%). The wt% of Al3Zr phase in Al7075Zr_MC_RT_3_400 was
found not to be altered by heat treatment, it remained 1.2 wt%. XRD analysis of other
heat treated samples was not performed as it can be supposed that the changes in phase
composition will be similar to those observed in these compacts.
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Figure 62. The microstructure of the Al7075_MC_LN_3_180 compact after heat
treatment: a) non-annealed, b) annealed for 1h at 425 °C, SEM-BSE.

Figure 63. The microstructure of the Al7075Zr_MC_RT_3_400 compact after
heat treatment: a) non-annealed, b) annealed for 1h at 425 °C, SEM-BSE.
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Figure 64. Comparison of XRD pattern of the non-heat treated and annealed (at
425 °C for 1h) Al7075_MC_LN_3_180 compact.

Figure 65. Comparison of XRD pattern of the non-heat treated and annealed (at
425 °C for 1h) Al7075Zr_MC_RT_3_400 compact.
Table 12 summarizes the values of the average grain size determined from
EBSD investigation. It can be seen that annealing at 425 °C has no systematic
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influence on the grain size and the microcrystalline structure is preserved. The
microhardness values determined in compacts of Al7075 alloy annealed at 425 °C are
within the standard deviation identical with those of non-annealed compacts.
d

HV

[µm]
non-annealed

3.0 ± 0.9

125 ± 6

1 h at 425 °C

3.6 ± 2.4

127 ± 4

non-annealed

1.7 ± 0.5

122 ± 3

1 h at 425 °C

2.0 ± 1.7

129 ± 2

non-annealed

1.1 ± 0.4

118 ± 4

1 h at 425 °C

1.6 ± 0.8

121 ± 5

non-annealed

1.9 ± 0.6

123 ± 6

1 h at 425 °C

1.4 ± 0.4

125 ± 3

non-annealed

1.1 ± 0.3

129 ± 5

1 h at 425 °C

1.3 ± 0.6

130 ± 7

Al7075Zr_MC_RT_3_400 non-annealed

0.9 ± 0.3

139 ±5

1 h at 425 °C

1.2 ± 0.4

173 ± 4

Al7075_MC_RT_3_180

Al7075_MC_RT_3_400

Al7075_MC_RT_8_400

Al7075_MC_LN_3_180

Al7075_MC_LN_3_400

Table 12. The influence of heat treatment on the average grain size and microhardness
of SPS compacts prepared from powders milled in attritor.
The influence of annealing at 425 °C for 1 hour on the microstructure and phase
composition of compacts prepared from planetary milled powders was very similar to
other SPS compacts. Figures 66a,b and 67a,b document a partial dissolution of
precipitates. This was confirmed also by XRD investigation (Figure 68, 69). The
analysis of XRD pattern shows a reduction of the content of the η phase, the weight
fraction of the S phase is not significantly influenced (Table 13). EBSD investigation
revealed no changes in the grain sizes of compacts (Figures 66c,d and 67c,d). The
grain size of both Al7075_MC_RT_8_400P and Al7075Zr_MC_RT_8_400P
compacts remains stable, deeply below 1 m. The microhardness values of both
compacts are remarkably high and even slightly increased after annealing.
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Figure 66. The microstructure of the Al7075_MC_RT_8_400P compact: a) nonannealed, b) annealed for 1 h at 425 °C, SEM-BSE, and the orientation image
micrographs of samples with HAGBs in black: c) non-annealed, b) annealed for 1 h
at 425 °C.
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Figure 67. The microstructure of the Al7075Zr_MC_RT_8_400P compact: a) nonannealed, b) annealed for 1 h at 425 °C, SEM-BSE, and the orientation image
micrographs of samples with HAGBs in black: c) non-annealed, b) annealed for 1 h
at 425 °C.

Figure 68. Comparison of XRD patterns of non-heat treated and annealed (at
425 °C) Al7075_MC_RT_8_400P compact.
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Figure 69. Comparison of XRD patterns of non-heat treated and annealed (at

Mg(Zn,Cu,Al)2

Al2CuMg

Al3Zr

d

HV

[wt%]

[wt%]

[wt%]

[µm]

4.5 ± 0.6

1.6 ± 0.2

0.55 ± 0.24

161 ± 7

1.4 ± 0.4

1.8 ± 0.3

0.57 ± 0.18

178 ± 5

3.6 ± 0.5

1.0 ± 0.1 0.34 ± 0.09

195 ± 8

1.4 ± 0.4

1.2 ± 0.1 0.34 ± 0.08

202 ± 5

annealed
1 h at
425 °C
Nonannealed
1 h at
425 °C

P

RT_8_400P

Non-

C_RT_8_400

Al7075Zr_M

Al7075_MC_

425 °C) Al7075Zr_MC_RT_8_400P compact.

Table 13. The influence of heat treatment on the phase composition, average grain
size, and microhardness of SPS compacts prepared from planetary ball milled powder.
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4. Discussion
The high strength of the Al7075 type alloys is mostly derived from the
precipitation sequence either at room or at elevated temperatures after solution
treatment. Additional strength increase can be achieved by strain hardening through
plastic deformation. Finally, a reduction of grain size can further contribute to the
materials strength. Whereas precipitation and strain hardening can be applied to
materials prepared through traditional processing routes, substantial grain refinement
requires a special attitude. The minimum grain size achievable in Al7075 type alloys
by ingot metallurgy processing route is above 10 µm [210] which is not sufficient for
a substantial strengthening. Various methods of severe plastic deformation made
possible to reduce grain size down to a submicrocrystalline or even nanocrystalline
region, however, it is difficult to combine them with precipitation strengthening.
Precipitation strengthening cannot precede severe plastic deformation processing, for
example equal-channel angular pressing (ECAP), as high strength of fully precipitated
materials brings too strong requirements on the forming tools, and simultaneously such
materials are frequently brittle. Furthermore, ECAP of Al7075 type alloys is usually
performed in the temperature range where the precipitation strengthening intensifies.
Thus also materials after solution treatment are excluded from ECAP processing as
intensive precipitation of phases from the solid solution could occur already during the
first ECAP cycle and the following cycles would be hindered by a high strength of the
precipitate hardened material. Therefore, only materials in the initially overaged state
are suitable for ECAP. Such materials are sufficiently soft and do not exhibit any
precipitation strengthening during ECAP. On the other side, precipitation
strengthening of previously severely deformed samples requires dissolution of coarse
second phase particles present in the initially overaged material, i.e. annealing at
temperatures at least of 470 °C. However, such temperatures are too high to retain the
fine-grained structure produced by ECAP.
Powder metallurgy is an alternative way for processing fine grained materials
with convenient green microstructure for further controlled precipitation. The high
cooling rates of rapid solidification processes (exceeding 103 Ks-1) lead to higher
supersaturation as compared to mould cast techniques characterized by relatively low
cooling rates [8, 199, 211].
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4.1. Gas atomized powders
The Al7075_AP and Al7075Zr_AP powders used in our research contained
mostly spherical powder particles, in some cases with satellites. The spherical shape
is usual for gas atomized powders, as the most molten metal has large surface tension
and low viscosity, which leads to instantaneous spheroidisation of droplets [7].
Satellite particles attached to other powder particles are produced by interparticle
collisions during the droplets solidification. Such collisions are highly probable during
atomization process, as the atomizing fluid flow leads to enormous turbulence in the
atomization chamber [7].
The Al7075_AP and Al7075Zr_AP powders exhibit a broad particle size
distribution. The exact cooling rate in various powder particles depends beside the
atomizing medium mainly on the size of melt droplets [7, 211]. As the cooling rate is
inversely proportional to the droplet size, the solidified powder particles exhibited
various types of internal microstructure [212, 213]. The highest solidification rates are
achieved in the finest powder particles [125]. The high temperature gradient and the
high rate of solidification front movement results in a supersaturated, featureless
microstructure. Such segregation-free microstructure was observed in some very small
powder particles or in satellite particles (Figure 10a and b). Similar featureless
microstructures were previously found e.g. on the surface of gun splat Al-Fe alloy
[214] or at the cooled surface of rotating blade quenched Al-Fe-Ce-Ti and Al-Fe-V-Si
alloys [215]. A segregation free microstructure was reported also in small rapidly
solidified droplets and satellite particles of the gas atomized Al-Cr-Zr alloy [216] or
Al-Fe-Nd alloy [217] or in the smallest powder particles of a spray formed Al-Ni alloy
[218].
As the actual cooling rate decreases with increasing droplet size, the planar
solidification front breaks down leading to first cellular and then dendritic
microstructure [8, 47, 212]. Our powders were sieved and their mass median diameter
(the average diameter by mass) was 20 µm, i.e. relatively fine, therefore, most powder
particles exhibited a cellular microstructure. For comparison, a mixture of cellular and
dendritic microstructure was observed in a gas atomized Al7075 alloy with a coarser
mass median diameter, close to 50 µm [119, 219]. Similarly, Devaraj et al. reported
on cellular microstructure in smaller and dendritic microstructure in larger powder
particles of an atomized Al-4.5 wt% Cu alloy [123]. The same trend was reported to
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occur in a spray formed Al-Ni alloy [218] and atomized Al-Si alloy [120]. Gas
atomized Al-Fe powders of various Fe content also exhibited a transition from cellular
to dendritic and eutectic microstructure, moreover, in case of the largest powder
particles also primary intermetallic phases were observed [220, 221].
Figure 9 documents a decreasing cell size in both Al7075_AP and
Al7075Zr_AP powders with decreasing powder particle size, i.e. with increasing
cooling rate during atomization. This is a typical feature of rapidly solidified materials
and was severely times reported in the literature [8]. In a spray formed Al-Ni powder
the cell size was shown to decrease with decreasing powder particle size [218]. This
was reported also for an atomized powder of Al-Si alloy [120]. Higher cooling rates at
the cooled wheel side of melt spun Al-Zn-Mg-Cu-(Zr-Sc) ribbons led to finer
microstructure than that at the free side [199]. Similarly, the dendrite arm spacing was
reported to increase with decreasing solidification rates (i.e. with increasing powder
particle size) in a gas atomized Al2024 alloy [222].
The main alloying elements present in the Al7075-type alloy (Zn, Mg, Cu)
form an eutectic system with Al [4, 113]. This means, that the first solid formed during
solidification should be the solute lean Al solid solution. During the non-equilibrium
process of rapid solidification, the diffusional processes can be much slower than the
movement of the solidification front, thus a fraction of alloying elements remains in
the melt. This solute enriched melt solidifies at the end as a mixture of intermetallic
phases. It was verified by EDS experiments that the main alloying elements present in
our materials really segregated at intercellular boundaries. The intercellular regions
seemed to be continuous layers containing above mentioned elements. However, a
detailed investigation by STEM-EDS revealed a mixture of various intermetallic
phases at these places. Such microstructure was reported to be formed in several alloys
throughout the literature, e.g. [218]. EDS results yielded no information about
displacement of Zr atoms. It can be supposed, that Zr remained dissolved in the gas
atomized Al7075Zr_AP powder due to rapid solidification. Dissolution of Zr as
consequence of rapid solidification of alloy was showed also in [223], where 0.5 wt%
of Zr was dissolved in an Al-Zn-Mg-Cu alloy produced by melt spinning.
Both gas atomized powders were fine grained with grain sizes of a few µm.
The grain size was found to slightly vary with the powder particle size (Figure 16 and
17). The number of nucleation centres was shown to decrease with increasing cooling
rate [224]. As smallest powder particles are characterized by the largest cooling rates,
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there will be a lower number of nucleation centres. Thus the smallest droplets can be
even single-crystalline. Growing droplet size results in a lower cooling rate and more
time is available for nucleation processes. More nucleation centres can be then in larger
droplets which leads to a smaller grain size.
In the largest powder particles usually individual cells could be identified with
individual grains. On the other side, in smaller powder particles the intercellular
boundary could not be identified with grain boundary, one grain contained several
cells. This can be explained considering the processes taking place during gas
atomization. Nucleation centres of Al grains formed at several places inside the
solidifying droplet. Each nucleated grain grew radially with a more or less planar
solidification front, however, in some cases the moving liquid-solid interface become
instable leading to cellular solidification microstructure (which according to Jacobson
et al. can be explained as dendritic microstructure without secondary arms [47]). In
case, that such a cellular microstructure is during metallographic preparation polished
through the primary arms with intercellular segregation between them, the
microstructure seems to be composed of cells, but these cells can belong to one
individual grain. Such a structure can be clearly observed in Figure 16, in one smaller
powder particle also in Figure 17. Similar microstructure, i.e. one grain containing
several cells encompassed by intercellular segregation was reported also in [219] or
[225]. Although the relationship between the solidification microstructure resp. grain
size on powder particle size presents an interesting field, a thorough investigation of
this problematics would require further analysis of this structure. As this problematic
is beyond the scope of this thesis, no such detailed study of this microstructure was
performed.
The Zr containing Al7075Zr_AP powder was found to exhibit a slightly finer
grain size in comparison with the Al7075_AP powder. It was reported in [166] that
coarse primary Al3Zr particles which can be formed during solidification of the Al-Zr
alloy as the first phase, can serve as nucleation centres for the Al matrix. Nevertheless,
the presence of such coarse primary Al3Zr particles was not confirmed by XRD neither
by TEM. Despite of these findings, their presence cannot be excluded. Both
experimental methods have their limitations. For XRD experiments, the weight
fraction of these particles is probably below the limit of detectability. In case of TEM
investigation, only a very small lamella with a size a few tens of m and thickness
below 100 nm was studied. The probability of the presence of a primary Al3Zr particle
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in this very small volume is very low. Thus the role of Zr alloying in the grain
refinement cannot be verified experimentally.
The mechanical properties of powders were characterized by microhardness
measurement. Due to the small size of the powders, this was the only available
technique to directly compare mechanical properties of powders and compacts.
Further, due to the powder particles small size only the largest powder particles could
be tested, therefore the microhardness values should be considered carefully.
As the Al7075 type alloys are heat treatable, the microhardness of its atomized
powder is determined predominantly by phase composition. The Al7xxx alloys are
widely known to exhibit rapid natural aging at room temperature when prepared in
supersaturated state, as diffusion rates of main alloying elements, Mg and Zn are
sufficiently high at room temperature to enable redistribution of these solute atoms [4].
The atomized powders were stored at RT for a long period after their atomization,
therefore they can be supposed to be already naturally aged and no additional
remarkable hardening through further aging can be expected. The microhardness of
both atomized powders (127 and 97 HV) was highly below that of a peak aged ingot
metallurgical counterpart (170 HV [189]), which reflects the presence of coarse second
phase particles in layers of intermetallic phases along cell boundaries. The value
measured for the gas atomized powder is near to microhardness of solution treated cast
Al7075 alloy (107HV) [226]. Similar values close to 100 HV, were reported for
another gas atomized powder of the Al-Zn-Mg-Cu alloy in [219].
The difference in the microhardness of gas atomized Al7075_AP and
Al7075Zr_AP powders cannot be explained by the grain size effect as the grain sizes
of both powders were found similar - a few micrometers in size. Similarly, the effect
of Zr addition can probably be neglected. Zr remained, most probably, dissolved in the
gas atomized Al7075Zr_AP powder (as shown by XRD and TEM investigations) and
it was reported in [199] for a melt spun Al-Zn-Mg-Cu ribbon that the dissolved Zr (1
wt%) has a low effect on resulting microhardness. The difference of microhardness
should be explained based on different content of second phase particles and different
content of elements in solid solution. Although the hardening effect of elements in
solid solution could be easily quantified [4], the content of second phase particles is
close to 1 wt% in both alloys, which is – as already discussed – connected with large
errors. Thus neither the exact content of second phase particles nor the wt% of solutes
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in solid solution can be evaluated, which makes impossible to estimate quantitatively
the strengthening effects.

4.2. Milled powders
It is generally accepted that mechanical milling can modify both the
microstructure and phase composition of materials (see section 1.4.1.2.). The influence
of mechanical milling on initially gas atomized powders was investigated in our
research and significant changes in the size and shape of powder particles, in their
microstructure, in the content and distribution of second phase particles, grain size,
and microhardness were observed.
The size and shape of milled powder particles results generally from a
competition of repeated fracturing, flattening, and cold welding of powder particles.
As reported e.g. in [11], intensive cold welding leading to an increase in powder
particle size is characteristic for milling of ductile powders. Our experiments revealed
a significant increase in the size of milled powder particles and their irregular shape.
This suggests that cold welding played a decisive role during milling. Similar
evolution of powder particle size was reported in literature [11]. Cold welding was
present even at very low milling temperatures as presented on cryomilled powders,
which agrees with the results presented in [63, 154] for cryomilled Al powders.
Nevertheless, cryomilling of powders in attritor revealed a slower powder particle
coarsening than it was detected to occur in powders milled at RT. This can be attributed
to fracturing processes enhanced by the decreased temperature [227]. Mechanical
milling altered also the continuity of powder particles. Cold welding does not occurred
along the whole surface of colliding powder particles and some submicrometer voids
were left behind (see Figure 18 and 19).
The changes in the phase composition and in the distribution of intermetallic
phases caused by milling can be generally explained on the base of the following
considerations. Severe plastic deformation during milling can break the second phase
particles and reduce their size. Simultaneously, dislocations crossing the second phase
particles destroy their ordering. The expected high dislocation density in the deformed
powder particles along with elevated temperature arising from powder particle
collisions enhance diffusional processes. Thus severe plastic deformation of powders
can lead also to a partial/full dissolution of second phase particles and formation of a
supersaturated solid solution.
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The SEM-BSE investigation was used to follow the changes in the distribution
of intermetallic phases. This observation revealed a gradual destruction of the cell
microstructure with nearly continuous layers of intermetallic phases (rich in Cu, Mg,
and partially Zn) located along cell boundaries which was typical for gas atomized
powders.

Rests

of

this

microstructure

were

observed

only

in

the

Al7075_MP_RT_3_180 powder, i.e. at the lowest intensity of milling. No such
structures were observed in more intensively milled powders, however, some places
with bright contrast in SEM-BSE figures indicated an enhanced concentration of atoms
with higher atomic numbers. The investigation of planetary ball milled powders
revealed only the presence of coarse particles containing Ni or Ti which were
introduced as contamination from the preceding milling in the same milling jar. No
particles of intermetallic phases containing the main alloying elements (Zn, Mg, Cu)
were observed by SEM-BSE. A homogeneous distribution of these alloying elements
was confirmed by SEM-EDS experiments (Figure 24) within the resolution limit of
this method. Similar microstructural changes caused by milling can be found e.g. in
[53, 91, 154, 192, 228].
The SEM-BSE method documented disappearance of relatively coarse second
phase particles during milling, however, it cannot distinguish whether the original
second phases were completely/partially fractured, dissolved or replaced by much
finer particles with the size below the detectability limit of this method. The XRD
method was therefore applied. A reduction of peak area/loss of XRD peaks of nonmatrix phases during milling is in agreement with SEM observations. Nevertheless,
the absence of XRD peaks for non-matrix phases does not mean their absolute absence
in the samples as this method has its limitation. Although each crystalline material
with internal order contributes to corresponding XRD peaks, in case of low fraction of
given phases, the XRD peaks of these phases can be hidden in the background and can
become undetectable. Further, a reduction of size of second phase particles or
reduction of their internal order leads to broadening of peaks, which again can lead to
a decrement of peak height below the background level. Although the low XRD peaks
does not allowed quantification of phases, it led information about their presence in all
milled powder of Al7075 alloy.
The dissolution of intermetallic phases should result in a transport of alloying
elements to the supersaturated matrix where they occupy interstitial or substitutional
positions in the matrix phase lattice, change its elementary cell size, and displace the
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matrix phase XRD peaks. Dissolution of elements with larger atomic radius than that
of the solvent atom enhances the elementary cell size and displaces the XRD peaks to
lower angles, whereas dissolution of lower atomic radius elements reduces the
elementary cell size and displaces the XRD peaks to higher angles. The atomic radius
of Al (0.143 nm) is higher than that of Cu (0.128 nm) and Zn (0.134 nm) but smaller
compared to that of Mg (0.160 nm) [192]. Therefore, dissolution of phases containing
predominantly Cu and Zn should lead to a peak displacement to higher angles, whereas
dissolution of phases containing predominantly Mg should lead to a peak displacement
to smaller angles. The phases present in the Al7075 alloy are usually complex and
contain all above mentioned elements. Nevertheless, it was shown previously that
dissolution of all alloying elements in an Al7075 alloy during milling leads to an XRD
peak displacement to higher angles [192, 229]. Such displacement was also observed
in our experiment which proves the process of dissolution of intermetallic phases
during milling. Similar changes in the position of matrix XRD peaks were reported for
a variety of Al-based milled materials – e.g. for a mechanically alloyed Al6063 alloy
[230], mechanically alloyed Al-Zn-Mg-Cu-Zr alloy [231], mechanically alloyed
Al7075 [229] or mechanically milled Al7075 alloys [192].
A complete dissolution of second phases of Al-Zn-Mg-Cu-Zr alloys was
reported to occur after mechanical alloying for 40 h [231] resp. 80 h of milling [232].
In our case, such complete dissolution occurred in the Al7075Zr_MC_RT_8_400P
compacts after 8 h of milling, in a much shorter term than reported for similar alloys
in literature. The comparison of our result with literature data showed that the milling
in our planetary mill resulted in the fastest and most intensive changes in the phase
composition and microstructure.
The only direct confirmation of the presence/absence of second phase particles
was obtained by TEM methods. The STEM method revealed numerous nanoparticles
in the planetary milled Al7075_MP_RT_8_400P powder and the STEM-EDS method
confirmed the presence of Mg and Zn in these nanoparticles. On the other side, no
second

phase

particles

were

found

in

the

lamella

cut

from

a

Al7075Zr_MP_RT_8_400P powder particle. However, it does not exclude
presence/absence of intermetallic phases in other powder particles of planetary ball
milled powders as the prepared lamellae could not be representative. This discrepancy
between the microstructure of the two powders milled in planetary ball mill,
Al7075_MP_RT_8_400P and Al7075Zr_MP_RT_8_400P can be explained also by
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the

non-controlled

temperature

during

milling.

In

case

of

milling

of

Al7075_MP_RT_8_400P powder there could be a higher temperature increase which
led to precipitation of fine second phase particles. Such temperature increase during
milling was reported for example in [10, 233], where the temperature reached up to
200 °C in a planetary ball mill. However, there is no explanation why it happened in
one case and not in other.
The grain size of gas atomized powders was in the range of units of m. It is
generally expected that mechanical milling should lead to a further grain size
refinement, even to a nanocrystalline range. Whereas the grain size of gas atomized
powders was estimated from EBSD investigation, this method failed at milled powders
as it was not possible to obtain reasonable diffraction patterns even using the finest
patterning and the best combination of spot size, accelerating voltage etc. According
to [234] the minimum spatial resolution of the EBSD method for Al-based materials
is approximately 60 nm using a tungsten filament and 20 to 30 nm using field emission
cathode. It can be therefore expected that the grain size in our milled powders will be
close to this limit. Additionally, an increased dislocation density can be expected in
milled powders which can cause variations in crystallographic orientation inside
individual grains and further complicate obtainment of reasonable diffraction patterns.
As mechanical milling destroys the cellular microstructure and SEM yields no
contrast making possible to determine the grain size, TEM represents the only
alternative, how to visualise the grains. As the preparation of specimens for TEM from
very small powder particles is extremely complicated and time consuming it was not
possible to investigate the microstructure of all milled powders and only those, milled
in planetary mill were examined. Further complication connected with TEM
examination is that the investigated volume is relatively small and there can be a doubt
whether the investigated region represents fully the microstructure of the milled
powders. Nevertheless, the results of TEM investigation confirm that the grain size of
planetary milled powders really falls into the nanocrystalline range. The grain size of
the Zr-containing alloy was found to be slightly lower than that without Zr. The width
of elongated grains is close to 50 nm in the Al7075_MP_RT_8_400P powder and even
20 nm in the Al7075Zr_MP_RT_8_400P powder. This difference can be explained by
the stabilizing effect of Zr on the grain size during milling. Dissolved Zr atoms were
reported to lead to solute drag on dislocations and grain boundaries which hinder their
motion, thus suppressing recovery and recrystallization [235].
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The refinement of the grain size to a nanocrystalline range due to mechanical
milling was reported for several Al-based alloys. The grain size of approximately 100
nm was found in the Al-Zn-Mg-Cu-Zr alloy after 80 h of planetary ball milling [232],
milling of an Al7075 powder for 20 h (with toluene as PCA) reduced the grain size to
26 nm [192]. Similar grain size reduction to 28 nm was observed also after cryomilling
of an Al-Zn-Mg-Cu powder for 10 h [154], cryomilling of the same alloy for 12 h led
to the grain size of 46 nm [17]. The comparison of our results with literature data shows
that the milling in our planetary mill was very intensive and similar grain size
refinement was achieved after shorter milling times already at room temperature.
As mentioned above, TEM investigation was not performed at all milled
powders and the grain sizes were not directly evaluated for powders milled in attritor
either at RT or at cryo-temperatures. At these powders, only the sizes of coherently
diffracting domains (crystallites) were evaluated from the broadening of XRD
diffraction peaks. These values cannot be directly correlated with grain sizes, however,
they confirm a very fine microstructure of milled powders. Table 6 shows a slight
reduction of the crystallite size with increasing RPM both at RT and at cryotemperatures. On the other side, the influence of increasing milling time or decreasing
milling temperature seems to be negligible within the experimental error. Literature
data on the influence of milling parameters on the grain size are rather controversial.
According to [11, 63] the milling conditions do not affect the minimum achievable
grain size, but they alter the rate of refinement. Usually the refinement of powder’s
microstructure can be enhanced by increased RPM or milling time. Increasing RPM
up to reasonable values (not leading to attachment of milling balls to vessel) leads to
an increased impact energy on powder particles which should enhance grain size
reduction in milled powders [236]. However, according to [236] there is a threshold
impact energy below which no significant structural refinement occurs during milling.
Above this threshold value, an increased RPM results in a faster attainment of a fine
grain size. The influence of RPM on milled powders properties was studied by Ahmed
et al. during mechanical alloying of an Al6063 alloy. They showed, that an increase in
RPM from 300 to 700 RPM led to attainment of steady state in 20 h instead of 40 h.
Moreover, the powders grain size in the steady state was found to be finer when milled
with higher a RPM [230]. Increasing milling time was reported first to refine powder’s
grain size following an exponential trend, whereas prolonged milling ends in a
saturation of the grain size [11, 63].
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Cryomilling is generally expected to lead to quicker grain refinement compared
to milling at RT [11, 63]. However, the crystallite size evaluation used in our research
does not confirm this expectation – the crystallite sizes are identical (within the
experimental error) for powders milled at RT and at cryo-temperature. The minimum
grain size achievable by milling has been discussed with respect to work hardening
and recovery rates, which scale with the melting point [35]. The minimum grain size
achievable in ball milling is thus determined by a balance between creation and
annihilation of dislocations during milling. Cryomilling is therefore predicted to have
a low impact on further grain size reduction in metals with low self-diffusion activation
energies, like Al. As measurement of grain size from milled powder is difficult, usually
only crystallite size data are reported in literature. Minimum crystallite sizes were
found to be in good agreement when achieved by milling at room or cryogenic
temperatures. Cryomilled Al exhibited a crystallite size of 26 nm [237] and 25 nm
[129] while mechanical milling at RT led to crystallite sizes of 22 nm [35] and 25 nm
[127], all in attritor.
The microstructure, phase composition and their changes can highly affect the
samples mechanical properties. Mechanical milling generally introduces a large
fraction of deformation energy into the powder material, causes a significant grain size
refinement, reduces the size of second phases particles, and enhances the amount of
alloying elements dissolved in the matrix phase. All these changes should enhance
strength characteristics of milled powders compared to gas atomized powders. The
results of microhardness measurements in our milled powders confirmed these
expectations. Excluding the Al7075_MP_RT_3_180 powder, milled at the lowest
intensity, the microhardness values of all powders milled in attritor are close or even
exceeding the value of 200 HV. These values are clearly above that measured for a
peak aged ingot metallurgical Al7075 alloy (170 HV), despite of the fact that no
special thermal treatment was applied to these milled powder. Similar microhardness
values were achieved in a melt spun Al-Zn-Mg-Cu-Zr ribbon after optimized thermal
treatment (186 HV). Mechanically alloyed Al-Zn-Mg-Cu powder in a supersaturated
state exhibited a microhardness around 220 HV and crystallite size around 35 nm
[229]. On the other side, an Al-Zn-Mg-Cu mechanically alloyed powder in
supersaturated state was reported to exhibit a microhardness of only 73 HV despite of
a crystallite size of 76 nm [238]. Although our powders milled in attritor contained
some coarser second phase particles and had a crystallite size between 50 and 70 nm,
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their microhardness was relatively high, around 200 HV, thus higher than that reported
by Shafei et al. [238] and comparable with that reported by Yazdian et al [229].
Much higher microhardness values exceeding 300 HV were found in both
powders milled in a planetary mill. No such high values were till this time reported in
literature. As widely known, milled powders can be strengthened beside grain size
refinement or work hardening also by particles introduced into their matrix during
milling [239, 240]. These introduced particles can stem from PCA or milling jar and
balls or powder surface layers [11, 241]. In our planetary ball milled powders some
particles containing Ni and Ti were found. These particles represent a contamination
from powders milled previously in the same vessel. The Al7075_MP_RT_8_400P
powder was the first milled Al-based powder and, therefore, the volume fraction of
contaminating

particles

is

higher

than

that

in

the

later

milled

Al7075Zr_MP_RT_8_400P powder. Despite of a lower fraction of these
contaminating particles in the Zr-containing powder, its microhardness was even
higher. In order to exclude the influence of these contaminating particles, the milling
of both gas atomized powders was repeated with the same milling parameters in a new
non-contamined milling jar. The microhardness of these new milled powders was
found to be very close what confirmed the absence of influence of the Ni and Ti
particles on the microhardness values.
To explain much higher microhardness of planetary milled powders compared
to that milled in attritor all strengthening mechanisms described in chapter 1.2. will be
discussed. Both powders were highly deformed during milling so that the dislocation
density was increased in comparison with the gas atomized powders. Although
dislocation densities in powders milled in different mills were not studied it can be
expected that they will be roughly equal and thus the contribution of work hardening
will be comparable in both types of milled powders. The grain size of powders milled
in attritor was not evaluated from direct microstructural investigations. However, XRD
experiment showed a comparable or even slightly smaller crystallite size in the powder
milled in attritor than in the planetary milled powders. That means that neither grain
size can be responsible for the higher microhardness of planetary milled powders.
Therefore, the difference in powders microhardness can be explained most probably
by their different content, size, and distribution of second phase particles. In powders
milled in attritor, either rests of cellular microstructure or relatively large regions (up
to 1 m) with increased concentration of higher atomic number atoms were observed
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by SEM (Figures 19c,d). On the other side, no such microstructural features were
observed in the planetary ball milled powders (Figure 23). Nanometer-sized second
phase particles were observed in the Al7075_MP_RT_8_400P powder (Figure 25b).
Such very small particles might be responsible for the abnormally high microhardness
values. A complete dissolution of second phases was documented in Figure 26b for
the Al7075Zr_MP_RT_8_400P powder. As mentioned above, the lamellae used for
TEM observation represents a very limited area of the investigated material and the
absence of very fine precipitates in this area does not mean an absolute absence of
these particles in the whole volume of the Al7075Zr_MP_RT_8_400P powder. The
highest microhardness (343 HV) found in this Al7075Zr_MP_RT_8_400P powder can
also reflect solid solution hardening both by main alloying elements and by Zr atoms.
No similarly high microhardness values can be found in literature. A supersaturated
mechanically alloyed Al-Zn-Mg-Cu powder with the crystallite size around 35 nm
exhibited microhardness around 220 HV [229].

4.3. Spark plasma sintered compacts
All powders were consolidated by spark plasma sintering. As mentioned in
section 1.4.2.2. the main advantages of this sintering method are relatively low
temperatures and very short times of sintering which help to preserve the benefits
gained from rapid solidification or mechanical milling. The sintering temperature of
425 °C was selected on the base of previous experiments [119] where sintering
temperatures between 425 and 550 °C were used. It was found that already the lowest
used temperature leads to nearly full density compacts. The volume fractions of pores
were found below 1 vol% in all sintered materials. These values were estimated by
image analysis of SEM figures by ImageJ program. The evaluation error is estimated
to be 0.1 vol%. The SEM figures used for porosity evaluation were taken on surfaces
polished up to 1 µm polishing slurry to avoid etching of surface by the finest colloidal
silica, however, even this polishing could lead to voids after fall-out of some second
phase particles, thus the true porosity can be even smaller than 1 vol%.
The sintering temperature used in our research is lower than that usually used
in production of high density Al alloys by SPS (450-600 °C) [10, 123, 147]. Lower
sintering temperatures were usually reported to result in lower densities [85, 123]. The
improvement in density in the current research can be prescribed to a higher applied
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pressure (80 MPa) compared to the values used in literature (30-60 MPa) [61, 123,
130]. In some researches also higher pressures, as 100 MPa, were used in combination
with lower sintering temperatures (300 °C) [85]. However, this temperature decrease
was too large and led to samples with poor density (93-95% of the theoretical value).
Both gas atomized and milled powders were handled without an inert
atmosphere. It is generally known that 5-15 nm thick oxide layers are formed in this
case on the surface of Al-based powders. As mentioned in section 1.4.2., these oxide
layers hinder solid state sintering, due to low diffusion rates through the oxide layer
[76]. Conventional sintering techniques as e.g. HIP have to be followed by secondary
processing methods, since they cannot break up the oxide layer in the absence of shear
deformation. In case of SPS it is believed, that the local electric and magnetic fields
can activate powders surface and help to break up and remove the oxide layer leading
to enhanced thermal diffusion [99].
Moreover, addition of Mg to Al alloys is capable to deoxidize the oxide layer
by forming MgO phase on the surface of powder particles. Such phase was found in
our compacts at boundaries of original powder particles (see Figure 51). This layer
helps sintering as shown e.g. in [147, 242].
During consolidation of milled Al powders precipitation of AlN and Al2O3
particles is reported to occur [58, 63, 129]. These particles were reported to have a size
of 3-10 nm with a spacing around 10 nm, furthermore, they are incoherent, insoluble
and have a high temperature stability. Thus, they might play a significant role in
retarding grain growth [58, 63]. No such particles were found in the compacts studied
in the present thesis. However, their presence cannot be excluded, as these particles
are expected to be very small. The presence of such particles can be revealed only by
methods of high-resolution transmission electron microscopy or atom probe field-ion
microscopy. A classical TEM used in our research is not capable of revealing such
extremely small particles. Moreover, the content of these phases is expected to be
deeply below 1 wt%, thus their presence cannot be shown by XRD [58, 129].
As shown in sections 3.3. and 3.4., the microstructure evolution and properties
of SPS compacts are different for compacts prepared from gas atomized and milled
powders. These results are, therefore, discussed separately in the following
paragraphs.
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4.3.1. Spark plasma sintered compacts from gas atomized powders
One of the benefits of rapid solidification during gas atomization process is an
extension of solid solubility. The high temperature exposition during SPS led to
redistribution of solutes and to increment in weight fraction of second phase particles
(Table 8).
The distribution of second phase particles both in powders and SPS compacts
was studied predominantly by SEM-BSE method. The distribution of second phase
particles in the gas atomized powder depended on the size of powder particles, i.e. on
the solidification rate. In compacts prepared from gas atomized powders, the
distribution of second phase particles is somewhat similar to that observed in gas
atomized powders, however, some differences were also observed.
Coarse second phase particles of the η phase were formed at some contact
points between original powder particles. As reported for the SPS technique, the
temperature especially at these contact points can be much higher than the set one [15],
and, additionally, enhanced diffusion of alloying elements occurs along the surface of
original powder particles. A very fast diffusion at these places can then result in the
formation of these coarse precipitates. Similar enhanced precipitation by formation of
coarse second phase particles along boundaries of former powder particles was
reported also in [154].
The continuous layers of intermetallic phases observed in gas atomized
powders were replaced by individual separated particles in SPS compacts. According
to literature data, dissolution of the η phase appears at 450-470 °C [185, 191].
Although the sintering temperature of 425 °C is slightly lower, a partial dissolution of
this phase cannot be excluded. Places with locally enhanced temperature (exceeding
the set one) definitely appear during SPS and dissolution of the η phase can occur
there. Nevertheless, the relatively short holding time at relatively low sintering
temperature limited dissolution of second phase particles present in intercellular
regions of gas atomized powder particles and minimized diffusion of alloying elements
to a long distance. Precipitates forming chain-like structures were thus formed (from
partially dissolved former second phase particles or from solute present in solid
solution) preferentially at places of former continuous layers (see the precipitation free
zone along grain boundary in Figure 31c). Chain-like arrangement of second phase
particles was found in parallel lines (Figure 31b, Figure 32a). This formation excludes,
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that they were formed along former cell boundaries. More probably they were formed
along grain boundaries and dislocations, as precipitation of second phase particles in
Al7075 type alloy is reported to occur preferentially on grain boundaries and
dislocations [124, 183-187]. A similar formation of chain-like precipitate arrangement
from intercellular/dendritic segregations during SPS was reported e.g. in [119, 123,
219].
Numerous very small precipitates were found inside grains. Most of these
precipitates could not been observed by SEM due to their very small size. The
distribution of these precipitates was homogeneous (Figure 31c). The exact nature of
these precipitates was not examined. As the Al7075-type alloys are capable of natural
aging, it cannot be distinguished whether these small precipitates were formed already
during SPS or during the following aging at room temperature. In the Zr-containing
material, also extremely fine particles of the metastable Al3Zr phase were observed
(Figure 32). Precipitation of this phase occurred in some grains homogeneously, in
other cases a fan-shape arrangement of these particles was formed. According to
literature, such arrangement of Al3Zr particles is generally found in Zr-containing Al
alloys [168].
Whereas SEM-BSE investigation confirmed rearrangement of second phase
particles, XRD showed changes in their weight fraction. The influence of enhanced
temperature during SPS induced a growth in weight fraction of the the η phase,
simultaneously the S phase appeared in both compacts prepared from gas atomized
powders. It was discussed above that the sintering temperature of 425 °C is high
enough to partially dissolve the phases present at cell boundaries of gas atomized
droplets [243, 244]. Simultaneously, some other precipitates can coarsen and new
precipitates can be formed from the supersaturated matrix phase. The precipitation
process clearly predominates during sintering. These changes in weight fraction of
second phases are in accordance with the literature [4]. Similar processes were
observed e.g. during SPS of another Al-Zn-Mg-Cu alloy during SPS at 500 °C [119,
219].
As mentioned in Introduction, the large Joule heat generated during SPS at
contact points leads to neck formation between adjacent powder particles. The
temperature can highly exceed the set one at these places and even a local melting can
occur. In this case a formation of new grains might be expected. No such effect was,
however, observed in our SPS compacts prepared from gas atomized powders. The
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SPS compacts retained the original grain structure of gas atomized powder particles.
A relatively broad distribution of grain sizes reflects a similar distribution observed in
gas atomized powder particles. The smaller grains observed in compacts stem
predominantly from original larger powder particles, whereas coarse grains in
compacts can be identified as the original smaller single crystalline droplets of
atomized powders. As already discussed in chapter 4.1., it can be considered that this
difference is connected with a different activation of nucleation centres in droplets
with different sizes. A smaller mean grain size in the Al7075Zr_AC compact is in
agreement with a smaller grain size in the Al7075Zr_AP powder in comparison with
the materials not containing Zr. The mean grain sizes of both compacts are close to
those measured for the corresponding gas atomized powders. This confirms that the
short duration of SPS and the relatively low sintering temperature do not allow a grain
growth.
Both interfaces present in SPS compacts, i.e. boundaries between grains and
boundaries between original powder particles, have predominantly a high-angle
character (Figures 35b and 36b). The distribution of misorientation angles shows on
random distribution of grain orientation, i.e. on a low effect of SPS pressure on the
compacts microstructure. Nevertheless, there is a slight deviation from the random
distribution at low misorientation angles. This can be explained by the solidification
microstructure of gas atomized powders, which was retained also in the compacts.
Low-angle boundaries were found predominantly in Al7075_AC compact (see Figure
35 and 38), which stem from the cellular solidification microstructure observed in
Al7075_AP powder (Figure 16).
As SPS led to precipitation of phases from the solid solution of atomized
powders, it led also to changes in the materials microhardness. A significant
microhardness increase was observed in SPS compacts prepared from gas atomized
powders in comparison with corresponding powders. The precipitation of
strengthening phases during SPS seems to be mostly responsible for this increased
microhardness of these compacts as the grain size of compacts prepared from atomized
powders was close to that of corresponding powders and it can be supposed that SPS
does not introduce any significant work hardening because of enhanced temperature
during SPS process. The measured microhardness values between 151 and 171 HV are
close to that of peak aged ingot metallurgy Al7075 (170HV) [189], although no
optimized thermal treatment was performed. The smaller grain size in the SPS
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compacts can probably balance the deficit of precipitation strengthening. Cast Al-ZnMg-Cu alloy was reported to exhibit a microhardness around 100 HV [189]. Semi solid
rolling of gas atomized Al-Zn-Mg-Cu alloy led to microhardness values between 90
and 150 HV depending on the rolling temperature [202]. ECAP elevated this value up
to values around 200 HV. The high microhardness in these ECAP samples was
reported to be caused by the small grain size in range 0.3-1 µm [245].

4.3.2. Spark plasma sintered compacts from milled powders
Whereas SPS led to only slight changes in weight fraction of second phase
particles, in their size and distribution, and in the grain size in case of originally gas
atomized material, large changes were observed in SPS compacts prepared from milled
powders.
Precipitates of two size scales (the first one with the size around 1 m and the
second one about one order finer) were observed in SPS compacts prepared from
milled powders by the SEM-BSE method. In the compact prepared from the powder
milled in attritor at the lowest intensity the distribution of precipitates was not
homogeneous and revealed the rests of original cellular structure (Figure 39a). It can
be seen in this micrograph that the coarser precipitates are located predominantly at
boundaries between original powder particles whereas the fine precipitates can be
found in their interiors. The SEM-BSE micrograph taken in the same compact at a
higher magnification and its comparison with the corresponding EBSD orientation
image micrograph revealed, that larger second phase particles were located along grain
boundaries, whereas the finer ones are inside grains (Figure 45). A similar distribution
of precipitates can be seen also in compacts prepared from Al7075_MP powders
milled at higher intensity, however, the distribution of larger precipitates is more
homogeneous. This distribution of precipitates is in accordance with expectation, as
boundaries are preferential diffusion paths and precipitation sites in one. Similar
microstructure was observed in the cryomilled Al-Zn-Mg-Cu powder sintered by
HIP+extrusion - the coarser irregularly shaped precipitates of η phase were located at
boundaries between ultrafine-grains of the compact, whereas GP zones and nanometer
sized η´ precipitates were found inside grains [183]. Very similar microstructure was
reported also in [154] for a cryomilled Al-Zn-Mg-Cu alloy sintered by SPS where
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relatively coarse, 400 nm η particles were found along grain boundaries and at contact
points of former powder particles.
Both larger and finer precipitates were also found in SPS compacts prepared
from planetary ball milled powders. In contrast to compacts prepared from powders
milled in attritor an apparently random distribution of coarser precipitates was
observed. This can be probably attributed to its more intensive milling and following
precipitation of fine second phase particles. During SPS this homogeneous structure
of the planetary milled powder led to a more homogeneous structure of corresponding
compacts.
It was shown in section 3.2. and discussed in section 4.2. that milling resulted
generally in a partial or full dissolution of second phase particles and increased the
amount of alloying element dissolved in the matrix. The heat effect during SPS led to
a massive precipitation and coarsening of phases. The weight fraction of the η phase
increased from values below 1 wt% found in the milled powders to values between 3.6
and 5.7 wt% in the corresponding SPS compacts. Like in the compacts prepared from
gas atomized powders, the S phase formed during SPS. Table 9 documents that the
weight fraction of second phases increases generally with increasing intensity of
milling (increasing milling time, increasing RPM, decreasing milling temperature).
This can be explained by their differently deformed microstructure. First, the higher
dislocation density and the higher fraction of boundaries enhance the number of
preferable nucleation centres [183]. Second, both dislocations and grain boundaries
represent routes of easy diffusion for Zn, Cu and Mg atoms, enhance the diffusion rate
and promote coarsening of second phase particles even during the short term of SPS
[183]. Consequently, a more pronounced precipitation can occur than in the compact
prepared from gas atomized powders.
Our results are in accordance with the literature data dealing with precipitation
occurring during sintering. SPS was reported to led to precipitation of η phase from
the supersaturated solid solution of cryomilled Al-Zn-Mg-Cu powder [154]. HIP
followed by extrusion led also to precipitation of η phase from cryomilled Al-Zn-MgCu powders matrix [183]. Consolidation of mechanically alloyed Al-Zn-Mg-Cu-0.1Zr
powder by HP at 350 °C led to precipitation of η phase from the supersaturated solid
solution [231].
The energy introduced by milling into the powders of the Al7075Zr alloy
influences also the precipitation of the Al3Zr phase during SPS. Whereas the fraction
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of this phase is under the detectability limit of the XRD method (and was detected only
by TEM) in compacts prepared from gas atomized powders the weight fraction close
to 1% was observed in compacts prepared from milled powders. The STEM-EDS map
of the distribution of Zr in the Al7075Zr_MC_RT_8_400P compact in Figure 51
revealed even the presence of coarser Zr containing particles. The literature data on
the precipitation of the Al3Zr phase are controversial. Whereas no diffraction peaks of
this phase were observed in a mechanically alloyed Al-Zn-Mg-Cu-(1 or 2 wt% Zr)
powder sintered by HIP at 380 °C for 12 min despite of a high Zr content [232],
precipitation of the Al3Zr phase was reported to occur from supersaturated solid
solution of cryorolled Al7075 alloy already after annealing at 250 °C for 1 h [226].
Contrary to the compacts prepared from atomized powders, SPS led to
remarkable changes in the grain size of milled powders. In case of compacts prepared
from powders milled in attritor there is no direct comparison with the microstructure
of the milled powders. Only the size of coherently diffracting domains estimated from
the XRD peak broadening is available for these powders. However, the measurements
performed on planetary milled powders revealed that CDD size agrees well with the
grain size determined from TEM micrographs. Therefore, it can be assumed that the
grain size of powders milled in attritor will be also in the range up to 100 nm. On the
other side, the grain size of the SPS compacts prepared from powders milled in attritor
is mostly close or larger than 1 m, so that a massive grain coarsening occurred. Severe
plastic deformation introduced to the material during milling represents a strong
driving force for recrystallization under heat influence. The elevated temperature
during SPS led to recrystallization of deformed structure, despite of the very short heat
exposition.
The grain structure of compacts prepared from powders milled in attritor is
heterogeneous, and seems to be formed by stocked curved strips. This microstructure
can be the result of the layering and cold welding of flattened former powder particles.
The grain structure consists of areas of coarser grain size interchanging with regions
of finer grain size making a bimodal microstructure. This wavy grain structure is not
unique. A similar banded structure is frequently reported for severely deformed metals
after annealing, and it was reported also for several SPS processed alloys. Xiong et al.
reported about similar mixture of coarser and finer grains in an Al5083 alloy prepared
by SPS of cryomilled powder [91]. Bimodal microstructure was shown to evolve also
in a SPS compacted cryomilled Al 5083 powder [72, 151] and cryomilled Al-Mg
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[246]. Beside Al alloys, similar banded grain structures with bimodal grain size
distribution were found among others also in Fe-Al [247], Mg alloys [248] or ODS
steels [249-251] processed by SPS. Nevertheless, the bimodal microstructure was
reported also to occur also in compacts processed by other consolidation methods, for
example by HIP [250, 251].
Several possible mechanisms of the formation of bimodal microstructure were
reported. Boulnat et al. suggested that they arose from a heterogeneous spatial
distribution of stored energy from milling, resulting in a non-homogeneous
recrystallization [248, 251]. Alternatively, bimodal grain size distribution can stem
from the elongated grains in the milled powder or some grains of powder material can
also selectively grow, since grain boundary mobility and activation energy depend on
its orientation [91]. In case of SPS, local differences in electric current leading to
localized high temperature or stress increase can also result in stress-assisted grain
growth [91]. Severe grain growth as possible explanation for bimodal grain structure
was proposed by Koizumi et al [247]. Hu et al. explained the bimodal grain structure
by grain or subgrain rotations caused by boundary diffusion processes until adjacent
grains have a similar orientation. These grains then would coalescence into a larger
grain. Zhou et al explained grain growth in cryomilled Al powder by coalescence of
nano-sized grains to larger ones [53]. Moreover, coarse grain aggregates were reported
to be formed by diffusional processes filling pores and crevices [73].
A finer and more homogeneous microstructure was found in the
Al7075Zr_MC_RT_3_400 sample compared to Al7075_MC_RT_3_400 prepared
with the same parameters. The milled powders showed similar crystallite size,
however they contained different second phase particles in different fractions. As
neither the η phase nor the Zn is reported to have a distinct effect on recovery of
deformed structure, the difference should be explained only by Zr addition. Zr and
Al3Zr particles are reported to lead to solute drag and Zener pinning of grain
boundaries promoting continuous recrystallization and thus more homogeneous
structure.
The compacts prepared from powders milled in attritor, the compacts prepared
from planetary ball milled powders exhibit a homogeneous sub-microcrystalline
structure with grains separated predominantly by high angle boundaries. Both TEM
investigation and EBSD results document recrystallized equiaxed grains with a size in
the order of few hundreds nm. This structure is the finest one among all compacts
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studied in our research. The stabilizing effect of Zr can be also clearly observed. All
grains in the Al7075Zr_MC_RT_8_400P compact are finer than 0.6 m. Such a
structure is even finer that that observed in an ECAP processed material of similar
chemical composition [21].
As SPS led to precipitation of phases from the solid solution of milled powders,
and to a recrystallization of highly deformed structure of milled powders, significant
changes in the materials microhardness can be expected. The very high microhardness
exceeding mostly 200 HV observed in powders milled in attritor decreased to values
between 120 – 130 HV. The expected decrease in dislocation density and
recrystallization process resulting in an increase in grain size can be assumed to be the
reason for this drop in microhardness. These microhardness values are lower if
compared to that of the compacts prepared from gas atomized powders. This result is
somewhat strange from two reasons. First, the grain sizes in compacts prepared from
powders milled in attitor are slightly lower than those of compacts prepared from gas
atomized powders. According to the Hall-Petch relation (Eq. 8) the grain size
hardening should be thus higher in the compacts prepared from powders milled in
attritor. Second, XRD investigation revealed a higher content of intermetallic phases
in the compact prepared from milled powders, so that, according to the theory of
precipitation strengthening a higher microhardness could be expected in this material.
However, the content of intermetallic phases is not the only parameter determining the
strengthening effect of second phase particles. Especially the size and type of these
particles has to be considered. The comparison of SEM-BSE micrographs in Figures
29, 30 and 39 reveals, that the compacts prepared from powders milled in attritor
contain a higher fraction of larger second phase particles, which could have a
decreased strengthening effect than the smaller ones.
In compacts prepared from the planetary ball milled powders, similar processes
occurring during SPS can be expected. Consequently, a drop in microhardness
compared to planetary milled powders is not surprising. Nevertheless, the
microhardness values (154 and 186 HV) were significantly above those for compacts
prepared from powders milled in attritor (120 – 130 HV) and even slightly above those
measured for the compact from gas atomized powder (151 and 171 HV). The finer
grain size, homogeneous microstructure and higher content of second phase particles
should lead to these higher microhardness values.
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High values of microhardness were reported for a mechanically milled and hot
pressed Al-Zn-Mg-Cu(-Zr) powder, where a microhardness of 195 HV was found,
independent on the alloys actual Zr content [232]. The high values of microhardness
was prescribed to the very fine grain size, around 200 nm. The microhardness of a
mechanically alloyed and hot pressed Al-Zn-Mg-Cu powder was reported to be 170210 HV, which was prescribed to the samples nanocrystalline grains and to fine
precipitates ranging from 50 to 400 nm [231]. However, samples porosity was reported
to be above 2 vol%. An extremely high microhardness value of 288 HV was reported
for a nanocrystalline grained Al7075 alloy processed by milling and hot pressing
[192]. Nevertheless, the density and the powder bonding quality was not discussed
although the oxide layer on Al powders surface can lead to low quality bonds, when
conventional PM techniques are used without secondary processing as extrusion.
The Al7075 alloy is a heat treatable alloy containing several types of
intermetallic phases which can be present in several modifications and variable
composition. Without exact data on weight fraction, size and composition of each
present intermetallic phase their strengthening effect cannot be evaluated using
theoretical models. Other strengthening mechanisms as solid solution, dislocation, and
grain boundary strengthening are also complicated to evaluate. As XRD does not show
reliable information about low intensity peaks, the exact amount of alloying elements
in solid solution cannot be evaluated, thus its strengthening effect cannot be quantified.
Moreover, another strengthening effects cannot be evaluated for example in powders
milled in attritor due to the difficulties around sample preparation. Further, from
powder particles more lamellae should be prepared as one is not necessary
representative for all the powders. Another problem is connected with the technique
of combination of each strengthening effects. Therefore, no quantitative evaluation of
strengthening effect could be performed, and only considerations about the influence
of microstructural changes on resulting microhardness are given.

4.4. High temperature stability of compacts
The thermal stability of the compacts prepared from gas atomized powders was
studied by annealing at 300 and 425 °C for 1 h. Annealing at the lower temperature
was selected to result in overageing, annealing at the higher temperature to partially
dissolve the intermetallic phases formed during SPS.
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Heat treatment changed the distribution and content of second phase particles
along with the phase composition of compacts. According to SEM-BSE annealing at
300 °C led to precipitation of phases, as Figure 58b show a higher density of second
phase particles than Figure 58a. XRD showed, that annealing at 300 °C led to an
increase in wt% of the η phase, the changes in the S phase content were within the
measurements accuracy. These changes are in accordance with literature. The
temperature of 300 °C is too low to dissolve the η phase as its dissolution starts around
450 °C [191]. The dissolution of the S phase starts around 470 °C after extended times
[252]. The S phase normally precipitates from the solid solution, but due to the already
present precipitates the concentration of solutes in solid solution is low to lead to
remarkable precipitation of S phase [252].
The temperature of 300 °C corresponds to the temperature range where
predominantly the stable modification of the η phase precipitates and he coarsening of
this phase occurs. This heat treatment also leads to a depletion of matrix from solute
atoms, which was retained in solid solution after SPS. This limits possible natural
aging of compacts, especially formation of GP zones, after this heat treatment and the
microhardness remains stable. These changes in the phase composition result in a large
drop in microhardness (from 151 to 82 HV in the Al7075_AC compact and from 171
to 114 HV in the Al7075Zr_AC compact).
Annealing at 425 °C led to depletion of compacts from the finest second phase
particles and to coarsening of others. Further, a drop in wt% of the η phase occurred.
Although dissolution of this phase was reported to occur after annealing for extended
aging times at 450 °C [252], a partial dissolution of the η phase was in our case detected
already after 1 h of annealing at 425 °C. A nearly complete dissolution of precipitates
of the η phase occurred during such annealing according to XRD measurements in the
Al7075Zr_AC compact. This difference between both materials can be explained by a
smaller grain size of the Zr-containing compact, as the high fraction of grain
boundaries enhances diffusion processes. Annealing at 425 °C led to a slight increase
of the Al2CuMg phase content. The evolution of this phase is in accordance with
literature. It is reported, that this phase is commonly observed only in states after solid
solution treatment [253-255]. Moreover, temperature of 425 °C is too low to dissolve,
as dissolution of this phase in the Al7055 alloy after annealing for 50 h at 470 °C was
reported in [252].
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The dissolution of the η phase leads to an increasing content of solutes in the
Al matrix. During the following natural aging the formation of GP zones can be
expected. Unfortunately, their presence cannot be verified by XRD and SEM
experiments due to their expected low content and small size. An indirect evidence for
their evolution can be found in the increased microhardness values measured around
1 week after quenching from the annealing temperature of 425 °C (125 HV for the
Al7075_AC and 172 HV for the Al7075Zr compacts). The higher microhardness
found in the Zr containing compact correlates well with the higher level of dissolution
of the η phase during annealing.
The EBSD results revealed that the grain size was not modified by annealing
and remained stable within the experimental error of the measurement. The grain
boundary migration is thus suppressed.
The compacts prepared from milled powders were annealed only at 425 °C.
The observed changes in the phase composition are similar to those observed in the
compacts prepared from atomized powders. A partial dissolution of the η phase was
observed in all compacts – the content of this phase was close to 2 wt%. This evolution
was confirmed both by XRD measurements and by SEM investigations. The
oversaturated Al matrix after quenching from the annealing temperature is a good
precursor for natural ageing during the following stay at RT. Microhardness values
measured after one week from quenching are generally very close to those of initial
non-annealed compacts prepared form powders milled in attritor.
In compacts prepared from planetary ball milled powders the dissolution of the
η phase is even more pronounced - its weight content decreased to 1.4 wt%. This effect
can be caused by a finer grain size in these compacts. An increased concentration of
dissolved atoms supports natural aging at RT. The microhardness measurements
confirmed this expectation and values found in annealed compacts are even above
those observed in non-annealed compacts. Again, the microhardness of the Zrcontaining material is higher. Both finer grain size and the presence of very small
Al3Zr particles can contribute to this strengthening. The value around 200 HV belongs
to the highest ones found in the Al7075-based materials.
The evolution of microhardness in all compacts can be performed in terms of
second phase particles. As annealing at 425 °C led to dissolution of the η phase, the
samples solute content in solid solution increased. Solid state precipitation of S phase
led to a slight decrement of the solute content. Following natural aging then led to
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formation of strengthening phases. As different compacts had different amount of
dissolved phase and precipitates S phase, the amount of precipitated strengthening
phase also differ. Therefore, samples with a lower content of S phase have a higher
microhardness.
EBSD measurements revealed that the grain size of all compacts prepared from
milled powders was stable and no coarsening occurred during annealing at 425 °C.
Especially the mean grain size of 340 nm - found in the Al7075Zr_MC_RT_8_400P
sample - is remarkable and suggests that the selected processing route is capable of
preparing thermally stable Al-based materials which retain their very fine-grained
structure and high strength characteristics even after exposition to high temperatures.
The way to the production of so-called high temperature Al-based alloys is thus open.
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Conclusions
The combination of gas atomization, mechanical milling and spark plasma
sintering as consolidation method was used for the production of two Al based alloysthe Al7075 and Al7075 + 1 wt% Zr. Based on the presented experimental findings, the
following main conclusions can be made:
 Gas atomization with nitrogen led to mostly spherical powder particles. The
mass median size of both powders sieved down to 50 µm was slightly above 20 µm.
 The SEM investigation revealed that the microstructure of gas atomized
powder particles was dependent on their size, i.e. on the solidification rate. A
segregation free microstructure was found only in the smallest powder particles
solidified at the fastest rate. Larger powder particles exhibited a cellular
microstructure, the cells were divided mostly by continuous layers of intermetallic
phases, mainly of the Mg(Zn,Cu,Al)2 type. The TEM observation at higher
magnification performed on the individual powder particle revealed that these layers
were at some places composed of small individual second phase particles with the size
below 100 nm. The cell size was inversely proportional to the powder particle size.
 In coarser gas atomized powder particles, the boundaries between cells had
a high-angle character, so that the cells corresponded to grains. In some finer powder
particles, the number of nucleation centres was limited and grains were composed of
more cells with the same crystallographic orientation. Even single crystalline powder
particles with a very fine internal cellular microstructure were observed. The
distribution of grain sizes was relatively broad, the mean grain size was estimated to
be around 6 µm in the Al7075 powder and around 4 µm in the Al7075 + 1 wt% Zr
powder.
 The microhardness of both gas atomized powders was around 100 HV, i.e.
close to the value reported for the solution treated ingot cast Al7075 alloy.
 Mechanical milling was carried out in two different mills – in an attritor and
in a planetary mill. Various milling conditions (time of milling, RPM) were tested in
case of milling in attritor, including cryo-milling in liquid nitrogen. Cold welding
occurring during milling (including cryo-milling) was responsible for a significant
increase in the size of powder particles.
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 Milling altered the powders microstructure and phase composition. At the
lowest milling intensity, the original cellular microstructure was partially retained.
Increasing milling intensity resulted in a complete destruction of the cellular
microstructure and only places with an increased content of alloying elements were
observed. The intensity of diffraction peaks of second phases was strongly reduced
and the weight fraction of the Mg(Zn,Cu,Al)2 phase evaluated using Rietveld analysis
decreased in some cases also below the detectability limit.
 In planetary ball milled powder, some coarser particles inside milled powder
particles containing Ni and Ti were observed. These particles represent a
contamination from the previous milling in the same milling vessel. A repeated milling
in a new non-contaminated vessel resulted in a powder without these particles. The
comparison of both powders confirmed that these particles did not influence the
properties of the milled powders. The STEM investigation carried out on the individual
milled powder particles revealed the presence of nanometer-sized particles rich on Mg
and Zn located at grain boundaries in case of Al7075 alloy. No such particles were
found in the lamella prepared from the Al7075Zr alloy.
 In the milled powders, it was not possible to obtain EBSD orientation maps,
probably because of very small grains with a lattice distorted by milling. The only
indirect information on the grain size was obtained from the evaluation of the
diffraction peaks broadening. The size of crystallites (coherently diffracting domains)
is between 50 and 90 nm in all milled powders. A good correlation between the
crystallite size and the grain size was confirmed by TEM experiments performed on
both planetary ball milled powders. These experiments revealed elongated grains with
typical dimensions of 50 – 200 nm in the Al7075 powder and 20 – 100 nm in the
Al7075Zr powder, i.e. both these powders are nanocrystalline.
 The microhardness of powders milled in attritor was close to 200 HV, a slight
increase of microhardness was observed with increasing intensity of milling. These
values are above the value reported for a peak aged ingot metallurgical counterpart
(170 HV). Extremely high microhardness values of 327 and 343 HV were found in
both planetary ball milled powders. No such high microhardness values were reported
till now in any similar material.
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 SPS at 425 °C with 80 MPa for 4 min led to nearly full density compacts
from all gas atomized and milled powders. The samples porosity was below 1 vol% in
all cases.
 SPS of gas atomized powders led to redistribution of second phase particles.
Coarse second phase particles (around 1 m) were formed at contact points between
original powder particles. The former continuous layers of intermetallic phases in cell
boundaries were replaced by chains of individual particles. Due to the short duration
of exposition to elevated temperature the solutes were not able to diffuse to a long
distance and new precipitates were formed at places of original continuous layers of
intermetallic phases. TEM revealed also a presence of much smaller precipitates inside
former cells. In the Zr containing alloy, precipitates of the metastable modification of
the Al3Zr phase were found either homogeneously distributed or arranged into a fanshaped structure. Rietveld analysis of XRD pattern confirmed an increase in the weight
fraction of the Mg(Zn,Cu,Al)2 phase and also a presence of the Al2CuMg phase.
 The EBSD experiments confirmed that SPS did not lead to grain coarsening
in compacts prepared from gas atomized powders. Original powder particles are still
recognisable. The presence of Zr resulted in a slightly smaller grain size and more
homogeneous distribution of grain sizes. More than 90 % of grain boundaries have a
high angle character in both materials and the distribution of misorientation angles
resembles that for randomly oriented polycrystals.
 The microhardness of compacts prepared from gas atomized powders
increased to values between 150-170 HV. The precipitation of new second phase
particles is responsible for this increase.
 SPS of milled powders led to even more massive precipitation of second
phase particles. Coarser particles with the size around 1 m were formed
predominantly at boundaries between original milled powder particles and at grain
boundaries. One order finer precipitates were found in the grain interiors. Rietveld
analysis of XRD pattern revealed the weight fraction of the Mg(Zn,Cu,Al)2 phase
between 3.7 and 5.7 wt%. The accelerated precipitation in comparison with SPS
compacts prepared from gas atomized powders can be explained by a faster diffusion
along a higher number of grain boundaries and along dislocations introduced during
milling.
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 Recrystallization resulting in significant grain coarsening occurred during
SPS of powders milled in attritor. The grain structure is bimodal. Coarser grains with
the size reaching up to 10 m form curved strips, whereas finer, frequently
sumbmicrocrystalline, grains are located between these strips. The homogeneity of
grain structure increases with increasing intensity of milling. The best homogeneity
was found in the Zr containing material. The mean grain sizes in SPS compacts
prepared from powders milled in attritor are usually between 1 and 2 m. In all
samples, more than 90 % of HAGB was found and the distribution of misorientation
angles is nearly identical with that for random orientation of grains in polycrystalline
material.
 The microhardness of all SPS compacts prepared from powders milled in
attritor was between 120 and 140 HV. The drop in microhardness in comparison with
milled powders can be explained by a reduction in dislocation density and by a
significant grain coarsening occurring during SPS.
 Very similar changes in microstructure and phase composition were found
in SPS compacts prepared from planetary milled powders. Precipitates of two different
size were observed - the coarser ones located at grain boundaries and the finer ones
located inside grains. The grain structure of both compacts prepared from planetary
ball milled powders is very homogeneous with the mean grain sizes of 0.55 m and
0.34 m in the Al7075 and Al7075Zr materials, respectively. This means that a
submicrocrystalline structure can be prepared by the selected processing route.
 The microhardness values of 161 and 195 HV were measured in SPS
compacts prepared from planetary milled Al7075 and Al7075Zr powders,
respectively. These values are deeply below maximum microhardness values (above
300 HV) found in the corresponding planetary milled powders because of restoration
processes occurring during SPS. However, the value found in the Zr containing
compact is significantly above that reported for the peak aged ingot metallurgical
counterpart, despite of the fact, that no special thermal treatment aimed at the
maximum precipitation strengthening was applied. Especially the submicrocrystalline
grain structure is believed to be responsible for it.
 The high temperature stability of SPS compacts prepared from gas atomized
powders was tested by annealing at 300 and 425 °C for 1 hour. Annealing at 300 °C
resulted in overageing accompanied by a drop of microhardness. Annealing at 425 °C
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led to a partial dissolution of second phases, especially of smaller precipitates.
Simultaneously a coarsening of larger particles was observed. The resulting
microhardness was comparable with that of non-annealed materials. The grain size
was retained during annealing at both temperatures.
 The high temperature stability of SPS compacts prepared from milled
powders was tested by annealing at 425 °C for 1 hour. The microstructure development
was similar to that observed in SPS compacts prepared from gas atomized powders.
The stability of the grain size was observed in all these SPS compacts, e.g. the
submicrocrystalline grain structure of SPS compacts prepared from planetary milled
powders was retained after this thermal treatment. The microhardness of all annealed
compacts is very close to that of non-annealed samples. An extraordinary high
microhardness value above 200 HV was observed in the SPS compact prepared from
the planetary milled Zr containing alloy. This material can be therefore depicted as a
high temperature Al alloy.
 The positive influence of Zr addition to the Al7075 alloy was proved at all
stages of preparation. It led to a more homogeneous and finer microstructure which
mostly resulted in higher values of microhardness. This can be prescribed to the
stabilizing effect either by solute drag or pinning effect.

The results of our research opened a way to so called high temperature Al alloys which
would retain their high strength characteristics during exposition to high temperatures.
The research should proceed in the following directions. The powders should be
handled under protective atmosphere in order to suppress oxidation on their surface.
Avoiding oxidation and absorption of gas molecules from air should led to higher
quality compacts, not leading to voids and blistering when exposed to temperature
above 450 °C. In this case the stability at temperatures above 425 °C might be tested.
Larger SPS billets are necessary to prepare samples for compression and tensile tests.
Furthermore, a thorough study by transmission electron microscopy of milled powders
and their compacts is needed, as missing information about their exact microstructure
and composition does not enable to consider the exact strengthening processes and
stabilization effects.
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